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Zusammenfassung

Bei der Entwicklung von Kunststoffbauteilen kommen in kontinuierlich zunehmen-
dem Mafse Simulationen zum Einsatz. Vor dem Hintergrund von steigenden Produkt-
anforderungen als auch dem unausweichlichen Zwang zur Schonung von Ressourcen
ist der erweiterte Einsatz von Simulationswerkzeugen wichtiger Teil des Losungswe-
ges. Zu den nutzbaren, aber in Bezug zu Realprozessen bisher wenig eingesetzten
Methoden gehért die Molekulardynamik Simulation. Auf Grundlage dieser Methode
konnen auf mikroskopischer Ebene die tatsdchlichen physikalischen Ablaufe, die bei
der Verarbeitung von Kunststoffen im Prozess auftreten, sichtbar gemacht werden.
In dieser Arbeit wird beleuchtet, wie Randbedingungen in Anlehnung an den Extru-
sionsblasformprozess den Werkstoff Polyethylen auf mikroskopischer Ebene beein-
flussen. Hierzu wird ein mesoskopisches Modell (Coarse-Graining) zur Beschreibung
des Polymers genutzt. Dieses Modell wird durch die Bestimmung von Materialkenn-
werten verifiziert. Es wird der uniaxiale Zugversuch auf der Mikroskala modelliert,
um Gréfien wie beispielsweise Elastizitatsmodul, Streckspannung oder Querkontrak-
tionszahl zu ermitteln. Ebenso werden thermische Kenngrofen, insbesondere zur
Charakterisierung des Kristallisationsverhaltens, bestimmt. Ziel dieser Untersuchun-
gen ist, Effekte, die bei dynamisch ablaufenden Dehnungs- bzw. Kristallisationsvor-
gangen stattfinden, mikroskopisch zu beobachten und zu quantifizieren. Die ermit-
telten Kennwerte liegen insbesondere fiir die thermischen Grofen in dichter Nahe zu
experimentellen Daten. Das Spannungs-Dehnungs-Verhalten wird qualitativ mit gu-
ter Ubereinstimmung mit dem realen Verhalten wiedergegeben. Die kurze Zeitskala,
auf der sich die Simulationsmodelle befinden, hat jedoch mikromechanisch extre-
meres Verhalten zur Folge, als makroskopisch beobachtet wird. Durch Erweiterung
der Modelle werden biaxiale Verstreckvorginge, wie sie im Extrusionsblasformpro-
zess beispielsweise wihrend des Aufblasens des Vorformlings auftreten, nachgebildet.
Die Betrachtung verschiedener Abkiihlbedingungen, insbesondere unter Formzwang,
ist in Anlehnung an den Realprozess weiterer Schwerpunkt der Untersuchungen. Die
Analyse der biaxial verstreckten Modelle offenbart, dass Entschlaufungsvorgéinge
wahrend des Verstreckens die weitere Entwicklung der Polymersysteme dominie-
ren. Es gelingt, die Dynamik von Kristallisationsvorgdngen in Abhéngigkeit von
Verstreckgrad und Abkiihlbedingungen durch unterschiedliche Grofen (Verteilung
von Verschlaufungspunkten, lokale Orientierungen) zu quantifizieren. Die erzielten
Resultate zeigen auf, dass es mittels vergroberten Molekulardynamik Simulationen
moglich ist, das mikromechanische Verstindnis von Vorgéngen, die bei der Verar-

beitung von Kunststoffen auftreten, signifikant zu erweitern.
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Summary

During the development phase of plastic components, simulations are being used
to an increasing extent. Against the background of product requirements and the
inevitable necessity of conserving resources, the expanded use of simulation tools
is an essential part of the solution. Among available methods, but so far underuti-
lized with respect to real-life processes, is the molecular dynamics simulation. By
the use of this method it is possible to visualize the physical processes occurring
on the microscopic level, as e.g. those that arise during plastics processing. This
thesis examines how boundary conditions, which mimic the extrusion blow molding
process, affect the behavior of polyethylene on the microscopic level. A mesoscopic
model (coarse-graining) is applied to describe the polymer. Initially, this model is
verified by determining material properties. The uniaxial tensile test is modeled on
the micro-scale to identify parameters such as the elastic modulus, yield stress, and
Poisson’s ratio. Additionally, thermal properties, particularly those characterizing
the crystallization behavior, are identified. The objective of these investigations is
the microscopic observation and quantification of effects that occur during dyna-
mic stretching and crystallization processes. The calculated properties show good
agreement with the experimental data, especially regarding the thermal parameters.
Qualitatively, the stress-strain behavior is reproduced in alignment with experimen-
tally observed results. However, the short time scale of the simulation models leads
to micromechanical behavior that is more extreme than what is monitored on a
macroscopic level. By extending the simulation models, biaxial stretching processes
are simulated. These stretching processes resemble the situation during the inflation
of the parison in the extrusion blow molding process. The examination of various
cooling conditions, particularly by the use of mold constraints, is another focus of
the investigations. The analysis of the biaxially stretched simulations reveals that
disentanglement processes during stretching dominate the further development of
polymer systems. It is possible to quantify the dynamics of crystallization proces-
ses depending on the degree of stretching and cooling conditions through various
parameters (distribution of entanglement points, local orientations). The results in-
dicate that coarse-grained molecular dynamics simulations are able to significantly
enhance the micromechanical understanding of local events occurring during plastic

processing.
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1 Einleitung

Kunststoffe sind als Verpackungsmaterial im Konsumer- wie auch im industri-
ellen Einsatzbereich unverzichtbar. Ihre einfache und kostengiinstige Verarbeitbar-
keit macht sie zum vielseitigen Einsatzprodukt, das einer grofen Bandbreite von
Anforderungen geniigt [1]. So sind extrem diinnwandige Produkte zum Schutz re-
spektive der Haltbarkeitssteigerung von Lebensmitteln in extrem hohen Stiickzahlen
im téglichen Umlauf. Andere, industrielle Verpackungsartikel schiitzen neben dem
Verpackungsinhalt zusatzlich die Umwelt, wenn beispielsweise standardisierte Inter-
mediate Bulk Container (IBC) zum Transport von Chemikalien verschiedenster Art
eingesetzt werden.

Fiir das Jahr 2022 wurde die weltweit produzierte Menge an Kunststoffen auf
400,3 Millionen Tonnen geschétzt, wovon 58,7 Millionen Tonnen in Europa erzeugt
worden sind [2]. In der européischen Union féllt der tiberwiegende Kunststoffver-
brauch mit 39% (2022) im Verpackungssektor an [2]. In Deutschland zeigt sich
mit 29,9 % (2023) ein geringerer Anteil dieses Bereiches [3]. Aus dem dennoch ho-
hen Anteil des Verpackungssektors am Gesamtverbrauch folgt fiir die Situation in
Deutschland, dass zu 44,6 % typische Verpackungskunststoffe wie Polyethylen (PE)
(27,7%) und Polypropylen (PP) (16,9 %) 2021 verarbeitet worden sind [4].

Trotz aller Vorteile, die Kunststoffe beim Einsatz als Verpackungsmaterial be-
sitzen, ist die Materialklasse der Kunststoffe vor dem Hintergrund der verursach-
ten Umweltprobleme zunehmend in die Kritik geraten. Sowohl in der allgemeinen
Medienlandschaft [5, 6] wie auch im wissenschaftlichen Umfeld |7H9] findet hierzu
ausgiebiger Diskurs statt. Dennoch werden Kunststoffe auf absehbare Zeit unse-
ren Alltag durchgéngig begleiten. Seitens der Europédischen Kommission (,,Kunst-
stoffstrategie 2018 [10]) wird fiir die Zukunft ein stérker kreislauforientiertes Wirt-
schaftssystem angestrebt. Der recyclingfahigen Auslegung von Kunststoffverpackun-
gen kommt hierbei grofse Bedeutung zu. Dariiber hinaus steht die Entwicklung bio-
basierter Kunststoffe im allgemeinen Fokus der Betrachtung [11}, 12]. Abseits dieser
beiden Entwicklungen gilt, dass bereits das Produkt selbst so ressourcenschonend
wie moglich herzustellen ist. Im Kern bedeutet dies (a) einen moglichst energie-
sparenden Herstellungsprozess anzustreben, (b) das Produkt so leicht wie moglich
auszulegen.

Aus den dargelegten Entwicklungen folgt, dass die Auslegung von Kunststoftbau-

teilen Ingenieure vor kontinuierlich schwieriger werdende Herausforderungen stellt.
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Sowohl der Herstellprozess als auch das Produkt sind simultan zu optimieren [13}[14].
Um diesen Herausforderungen gerecht zu werden, ist der Einsatz rechnergestiitzter
Entwicklungstools, beispielsweise auf Basis der Finite-Elemente-Methode (FEM),
langst Stand der Technik [14417]. Trends hinsichtlich der Anwendung von Ansétzen
aus den Bereichen des Machine Learning und der kiinstlichen Intelligenz zeichnen
sich in vielfaltiger Weise ab [18121]. Zusétzlich bieten multiskalige Simulationsan-
siatze hoch attraktive Moglichkeiten das Produkt vom Molekiil bis zum tatséchlichen

Bauteil auszulegen [22-25].

1.1 Verfahrensspezifische Hintergriinde

Aus der Vielzahl an etablierten Kunststoffverarbeitungsverfahren hat die vorliegende
Arbeit das Extrusionsblasformen als praxisbezogenen Hintergrund. Dieses Verfahren
ist dazu geeignet, Kunststoffhohlkérper in einer grofsen Bandbreite an Variationen
zu produzieren (Abbildung . So bedient das Extrusionsblasformen neben dem
Themenfeld der Verpackungsartikel auch den Bereich sogenannter technischer Teile
wie beispielsweise Luftfiihrungen fiir die Verwendung im Automotive Sektor [26/29).

Abbildung 1.1 Zusammenstellung typischer Blasformartikel: (a) Konsumerartikel (Fla-
schen verschiedenster Gestalt und Funktion), (b) Kanister, (c) Industrieverpackungen (L-
Ring Fésser, Palette, IBC etc.) [30]



1.1 Verfahrensspezifische Hintergriinde

Das Extrusionsblasformen zeichnet sich durch seine grofse geometrische Gestal-
tungsfreiheit hinsichtlich fertigbarer Produkte aus. Zusatzlich wird ein breiter Be-
reich an herstellbaren Volumina (von Millilitern bis iiber 10.000 Liter) abgedeckt.
Die Kombination dieser Eigenschaften verleiht dem Verfahren eine hohe wirtschaft-
liche Relevanz am Markt [27]. Zu unterscheiden ist das Extrusionsblasformen von
verwandten Verfahren wie dem Streckblasformen, welches typischerweise zur Pro-
duktion von Getrankeflaschen aus Polyethylenterephthalat (PET) genutzt wird |16]
206).

Der Verfahrensablauf beim Extrusionsblasformen gestaltet sich in seiner Grund-
ausfithrung wie folgt dargestellt: Der zu verarbeitende Kunststoff, in der Regel in
Granulatform, wird iiber einen Extruder in Richtung Schlauchkopf geférdert. Un-
ter Zufilhrung von Warme tiber Heizbander sowie der Einwirkungen der Extruder-
schnecke, die mit verschiedenen Schmelz-, Misch- und Scherzonen ausgestattet ist,
wird das Material aufgeschmolzen und moglichst homogen durchmischt |26, [27]. Da
der Extruder in der Regel horizontal montiert ist, muss der Massestrom dem ver-
tikal angebrachten Schlauchkopf {iber einen Kriimmer zugefiihrt werden. An der
Diisenaustrittsoffnung entsteht der fiir das Extrusionsblasformen charakteristische
Vorformling. Das Urformen des Vorformlings stellt den ersten wesentlichen Prozess-
schritt im Extrusionsblasformen dar (Abbildung (1.2 Schritt 1 und 2) [27].

Der durchgehend geformte Vorformling wird zwischen den offen stehenden Werk-
zeughélften positioniert. Die Werkzeughélften, die {iber die Aufsenkontur des zu bla-
senden Formteils verfiigen, werden bevorzugt aus Aluminium hergestellt, das auf-
grund seiner niedrigen Dichte bei guter Warmeleitfahigkeit und Festigkeit geeigneter
Konstruktionswerkstoff ist [26, 27]. Im néchsten Schritt werden die Werkzeughélf-
ten um den Vorformling geschlossen. Bei diesem Vorgang wird der Vorformling an
seinen Enden abgequetscht, wodurch die fiir Blasformteile typische Quetschnaht ent-
steht (Abbildung[l.2] Schritt 3) [27]. Beim Blasformen mit kontinuierlicher Extrusi-
on muss vor dem Aufblasprozess der in die Werkzeughélften eingebettete Schlauch
vom fortlaufend weiter extrudierten Schlauch abgetrennt werden. Durch Einblasen
von Druckluft mittels eines in die Werkzeughilften eingefiihrten Blasdorns wird
der plastische Vorformling aufgeblasen, bis er sich der Kontur der Blasform voll-
standig angepasst hat [27-29]. Anschliefend ist eine bestimmte Kiihlzeit notwendig,
bis die Schmelze soweit erstarrt ist, dass der ausgeformte Artikel nach dem Off-
nen des Werkzeuges seine Gestalt behélt. Sind die Werkzeughélften gedffnet, kann
das Blasteil entformt werden. Der durch die Abquetschungen an den Artikelréndern
entstandene Materialrest, der sogenannte Butzen, ist abschliefend von Hand oder

durch maschinelle Einrichtungen zu entfernen |26, 27].
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Abbildung 1.2 Schematischer Verfahrensablauf beim Extrusionsblasformen . Dar-
gestellt ist der einfachste Fall zur Produktion eines Behélters inklusive Entbutzung und
nachgelagerter Produktpriifung.

Der dargelegte Ablauf stellt die einfachste Ausfiihrung des Extrusionsblasform-
prozesses dar. In der industriellen Praxis existieren zahlreiche Varianten und Er-
weiterungen des Verfahrens. Beginnend mit der Erzeugung des Vorformlings ist zu-
néchst zwischen Blasformverfahren mit kontinuierlicher und diskontinuierlicher Ex-
trusion (Speicherkopfverfahren) zu unterscheiden , . Ersteres Verfahren eignet



1.2 Problemstellung

sich insbesondere fiir die Verarbeitung von Kunststoffen mit hoher Schmelzestabili-
tit (z. B. Polyolefine) sowie kurze, leichte Vorformlinge [27]. Diskontinuierlicher Be-
trieb wird entsprechend bei der Anwendung von Kunststoffen mit geringerer Schmel-
zesteifigkeit, wie beispielsweise Polyamid (PA) oder Polycarbonat (PC), eingesetzt.
Dariiber hinaus ist der diskontinuierliche Betrieb aufgrund der hohen mdoglichen
Ausstofigeschwindigkeit fiir lange, schwere Vorformlinge und damit grofe Behélter
geeignet [27]. Die lokale Anpassung der Vorformlingswanddicke durch Wanddicken-
steuerungssysteme ist eine weitere, wesentliche Erweiterung des Verfahrens |26, 27].
Héufig eingesetzt werden Systeme wie die axiale Wanddickensteuerung (AWDS) und
der statisch-flexible Diisenring (SFDR). Insbesondere fiir grofsere Artikel (Kanister,
Fésser, IBCs etc.) wird die partielle Wanddickensteuerung (PWDS) ergénzend ge-
nutzt [27]. Die genannten Systeme ermoglichen eine gezielte Einstellung der Wand-
starke im Vorformling bzw. resultierend im ausgeformten Endprodukt. Ziel ist, bei
moglichst geringem Materialeinsatz gleichzeitig gute mechanische Eigenschaften im
Produkt zu erreichen [26-29|. Neben den hier aufgefithrten Systemen existieren wei-
tere, durch verschiedene Hersteller vertriebene Technologien zur Regulierung der
Vorformlingswanddicke. Untervarianten des Blasformverfahrens wie 3D-Saugblasen,
Mehrschichtextrusion (,,Coex-Verfahren“) oder Moglichkeiten der Schlauchmanipu-
lation (Spreizdorne, Schieber und dhnliches) seien an dieser Stelle lediglich erwihnt
[26-29].

Mit Blick auf die im Extrusionsblasformen verarbeitbaren Materialien sind Ther-
moplaste mit ausreichend hoher Dehnviskositdt und guter Verschweifsbarkeit zu nen-
nen |27, 31]. Die Dehnviskositét bestimmt die Stabilitdt des Vorformlings wéhrend
des Extrusionsvorgangs, wohingegen die Verschweifsbarkeit ein sauberes Verschlie-
Ken beim Abquetschvorgang gewéahrleistet. Zu den meistverarbeiteten Materialien
gehoren hoch- und niedrigdichtes Polyethylen (HDPE und LDPE) sowie Polypro-
pylen. Hierbei ist HDPE der am héufigsten eingesetzte Kunststoff [27, |32]. Auch
technische Kunststoffe wie Acrylnitril-Butadien-Styrol (ABS), Polycarbonat Blends
oder Polyphenylensulfid (PPS) finden Verwendung [1}, 27].

1.2 Problemstellung

Unter Beriicksichtigung der Herausforderung, Produkte in Zukunft so ressourcen-
schonend wie moglich auszulegen, ist die Reduktion des Kunststoffeinsatzes durch
gewichts- und recyclingoptimiertes Produktdesign sowie entsprechend ausgerichteter
Produktionsprozesse zu forcieren. Dies gelingt im Entwicklungsprozess von Kunst-

stofthohlkérpern mit guter Genauigkeit durch den Einsatz von Simulationen auf
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Grundlage der Finite-Elemente-Methode. Entsprechende Vorgehensweisen sind im
Entwicklungsprozess etabliert [14-17]. Die den Modellen zugrunde liegenden konti-
nuumsmechanischen Ansétze sind im Wesentlichen von der Genauigkeit der Mate-
rialparameter abhingig.

Hierbei steigt mit der Komplexitdt des gewéhlten Ansatzes zur Materialbeschrei-
bung in der Regel auch die Anzahl der notwendigerweise zu bestimmenden Mate-
rialkennwerte [32-35]. Dariiber hinaus gilt fiir blasgeformte Hohlkdrper, dass Ma-
terialeigenschaften durch den Blasformprozess signifikant verdndert werden. Sowohl
Extrusions- und Aufblasvorgang als auch der anschliefsende Abkiihlprozess beeinflus-
sen die Materialeigenschaften im Endprodukt und folglich die Bauteileigenschaften
[36-38]. Wie in eigenen Vorarbeiten dargestellt, zeigen beispielsweise Elastizitatsmo-
dul (E-Modul) und thermischer Ausdehnungskoeffizient sowohl Abhéngigkeiten vom
Verstreckgrad als auch eine deutliche Richtungsabhéngigkeit (Orthotropie) [14} 39).
Dies sind direkte Folgen der sich einstellenden lokalen Morphologie, gekennzeichnet
durch Kristallisationsgrade sowie Orientierungen amorpher und kristalliner Berei-
che.

In Summe ist der notwendige experimentelle Aufwand, der zu einer vollstandi-
gen Charakterisierung allein einer Materialtype notwendig ist, in einer nicht durch-
fiihrbaren Grofsenordnung. Des Weiteren beziehen sich die jeweiligen Modelle zur
Materialbeschreibung auf empirische Beobachtungen, die die tatséchlich darunterlie-
genden physikalischen Zusammenhénge vernachlassigen. Als Alternative zum Real-
experiment bietet sich der Einsatz von molekulardynamischen (MD) Simulationen
an [40, |41]. Durch (voll-)atomistische Auflésung dieser Modelle ist es moglich, auf
der Mikroskala wesentliche Effekte, die aufgrund von variierenden Bedingungen beim
Verarbeitungsprozess auftreten, abzubilden. Zuséatzlich kénnen makroskopisch beob-
achtete Effekte mikromechanisch bzw. physikalisch begriindet erklart werden [41].

Abbildung liefert hierzu einen Uberblick, wie die in dieser Arbeit behandel-
ten MD Simulationen in einen iibergeordneten Kontext eingebunden sind. Die durch
den Realprozess (1) beeinflussten Materialeigenschaften haben zur Folge, dass ein
Materialmodell (2) gewdhlt werden muss, welches die entsprechenden Eigenschaften
prozessabhéngig abbildet. Die notwendigen Experimente zur Bestimmung des pas-
senden Satzes an Materialparametern (3) sind durchzufithren. Aufgrund des erfor-
derlichen experimentellen Aufwandes bzw. der ggf. eingeschrankten experimentellen
Zugénglichkeit bei der Kennwertbestimmung bietet sich der Einsatz der MD Simula-
tion (4) ergénzend an. Zukiinftiges Ziel ist die Nutzung sowohl von experimentellen
als auch via MD Simulation ermittelter Daten in Simulationen auf Makroebene (5).

Diese dienen zur Bestimmung bzw. Optimierung von Bauteileigenschaften.
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Abbildung 1.3 Schaubild zum iibergeordneten Kontext: Im Zentrum der hier vorliegen-
den Arbeit steht die Molekulardynamik Simulation, mit dem Ziel eines erweiterten mikro-
mechanischen Verstdndnisses zum Verhalten von Polyethylen unter Randbedingungen, wie
sie durch das Extrusionsblasformen vorgegeben werden. Grundlagen, die in dieser Arbeit
geschaffen werden, sollen in Zukunft dazu dienen, experimentelle Aufwéinde zu reduzieren
sowie Ergebnisse aus Simulationen auf Mikroebene in Simulationen auf Makroebene zu

beriicksichtigen.
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Bei der angestrebten Verwendung von MD Simulationen stehen Auflosung der
Modelle und notwendige Rechenzeiten in Konflikt zueinander. Wird jedes Atom der
zu untersuchenden Polymerkette in der Simulation abgebildet, iibersteigen Rechen-
zeiten in erheblichem Mafle einen durchfithrbaren Zeitrahmen. Aus diesem Grun-
de ist zu priifen, inwieweit ein moglichst einfach gehaltenes, vergrobertes Molekiil-
modell (Coarse-Graining (CG)) [42-44] genutzt werden kann, um Effekte auf der
mikro- bzw. mesoskopischen Skala abzubilden. Hierzu werden Atomgruppen oder
wahlweise ganze Monomereinheiten zu einem Superatom zusammengefasst. Trotz
eines vergroberten Ansatzes ist die mit derartigen Simulationsmodellen zugéngliche
Zeitskala im Allgemeinen auf wenige 100 ns bis in den beginnenden Mikrosekunden-
bereich beschrankt [45, 46]. Dies bedeutet zusétzliche Herausforderungen bei der
Interpretation der Ergebnisse mit Blick auf die erheblich ldngeren Zeitskalen auf
makroskopischer Ebene bzw. im Realprozess. Neben der Wahl des Molekiilmodells
miissen Randbedingungen in den Mikrosimulationen derart modelliert werden, dass
diese — in guter Naherung — Bedingungen wahrend der Verarbeitung im Extrusions-
blasformen abbilden. Daraus ergibt sich die Notwendigkeit existierende Simulations-
tools zu erweitern und in einen passenden Workflow einzubinden.

Mit der Eingrenzung des verfahrensbezogenen Hintergrundes auf das Extrusions-
blasformen findet in der vorliegenden Arbeit eine Beschrankung auf den Werkstoff
Polyethylen, insbesondere in seiner chemischen Form eines hochdichten Polyethy-
lens statt. HDPE ist, wie in Kapitel dargestellt, der am haufigsten verwendete
Werkstoff im Extrusionsblasformverfahren. Auf Seiten des Simulationsmodells ist
die Beschrinkung auf HDPE in mehrerer Hinsicht von Vorteil. Grundsétzlich kann
Polyethylen aufgrund seiner chemisch einfachen Struktur leicht auch als vergrober-
tes Modell nachgebildet werden. Dariiber hinaus ist charakteristisches Merkmal von
HDPE die geringe Anzahl an Verzweigungen sowie deren kurze Lénge. Typische
Werte liegen bei 1 bis 10 Kurzkettenverzweigungen (mit 4 bis 8 CH,, Einheiten) pro
1000 Kohlenstoffatomen [47].

1.3 Methoden

In diesem Abschnitt sollen die wesentlichen Grundlagen, auf denen diese Arbeit
beruht, erlautert werden. Zunéchst wird verdeutlicht, auf welcher zeitlichen und
raumlichen Skala die Molekulardynamik Simulation einzuordnen ist. Es wird ein
Uberblick iiber die Breite an Anwendungsfeldern dargestellt. AnschlieRend werden
die Grundziige der Molekulardynamik Simulation einschlieflich zugehoriger Algo-
rithmen skizziert. Zusétzlich wird auf Besonderheiten sowohl bzgl. vergréberter Mo-

delle (Coarse-Graining) als auch beim Umgang mit Polymersystemen eingegangen.
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Das verwendete Polyethylenkraftfeld und die eingesetzte Simulationssoftware wer-

den eingefiihrt.

1.3.1 Von der Mikro- zur Makroskala

Eine grundsétzliche Einordnung der in dieser Arbeit verwendeten Methoden ge-
lingt sehr gut durch eine Verdeutlichung der Skalen, auf denen physikalische Effekte
auftreten sowie zugehorige Modelle aufgestellt werden. Abbildung [T.4] fithrt hierzu
von der Quantenmechanik bis zur Makroebene verschiedenskalige Betrachtungswei-

sen mit beispielhafter Auffithrung korrespondierender (Losungs-)Methoden ein.

A
€
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Mesoskala Finite-Elemente, Finite-Volumen
'—; vergroberte Dissipative Particle Dynamics, Lattice Boltzmann
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Abbildung 1.4 Darstellung von Modellbeschreibungen auf verschiedenen Zeit- und Lén-
genskalen. Exemplarisch sind fiir die unterschiedlichen Modellbeschreibungen Losungs-
bzw. Simulationsmethoden angegeben.

Die auf kleinster Ebene befindlichen Methoden zur Quantenmechanik bertick-
sichtigen explizit ein Zusammenspiel der Elektronen bzw. der hiermit verbundenen
Quanteneffekte im betrachteten Atom bzw. Molekiil [48]. Typische Zeitskalen im Fal-
le dieser Betrachtungsweise liegen im Femto- bis Picosekundenbereich, wenn etwa
molekulare Vibrationen, Elektroneniiberginge oder Reaktionen beobachtet werden
sollen [48,|49]. Auf der Langenskala gehort die Beobachtung der rdumlichen Struk-
tur von Atomen und Molekiilen bis in den Nanometerbereich hinein zum erfassbaren
Spektrum [49, 50]. Typischer Ansatz ist, die Schrodingergleichung iiber die Born-
Oppenheimer Naherung zu 16sen [40, 48|. Hierzu stehen verschiedenste Verfahren

wie beispielsweise Dichtefunktionaltheorie, Hartree-Fock oder Coupled Cluster Me-
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thoden zur Verfiigung [48]. Auf diese Weise kann unter anderem die Potentialhyper-
fliche des betrachteten Systems berechnet werden [48| |51]. Durch die Abbildung der
ermittelten Potentialhyperfliche auf die klassische potentielle Energie bzw. deren
Beschreibung mittels empirischer Funktionen ergibt sich ein (Skalen-)Ubergang zur
klassischen Newton’schen Mechanik bzw. zur Molekulardynamik [51]. Besonderheit
auf quantenmechanischer Ebene sind sogenannte ab initio Methoden, die keine em-
pirischen oder semi-empirischen Parameter beinhalten [48, 52].

Bei der Anwendung quantenmechanischer Methoden ist der hohe Berechnungs-
aufwand zu beachten, der fiir die Beobachtung der extrem kleinen Zeit- und Léan-
genskalen notwendig ist [48]. Sofern keine quantenmechanischen Phénomene, wie
Tunneln oder chemische Reaktionen mit bedeutenden Bindungsbriichen /-bildungen,
beobachtet werden sollen, kénnen Methoden der klassischen Molekulardynamik un-
tersuchbare Skalen deutlich erweitern [41]. So ist die Molekulardynamik Simulation
auf der Nanoskala etabliertes Tool in verschiedensten Bereichen von Wissenschaft
und Technik. Die MD Simulation ermdglicht die Untersuchung von Molekiilen im
Hinblick auf deren Interaktionen und daraus folgend des sich einstellenden System-
verhaltens [41]. Durch die Moglichkeit in regelméfigen Zeitintervallen Orts- und
Geschwindigkeitsdaten der Partikel — die sogenannte Trajektorie — aufzuzeichnen,
kann die Dynamik des Systems sichtbar gemacht und zeitabhéngiges, wie beispiels-
weise rheologisches Verhalten, erfasst werden [53]. Simulationsmodelle fungieren als
Bindeglied zwischen Theorie und Experiment bzw. erginzen diese. Experimentell
nicht zugéngliche Bereiche, z. B. aufgrund extremer Temperatur, Druck oder Dyna-
mik, kénnen mittels MD Simulation dargestellt werden [41] [53].

Anwendungsbereiche fiir molekulardynamische Methoden ziehen sich durch ver-
schiedenste Themenfelder. In der Biochemie werden Einblicke in die Struktur und
Dynamik von Biomolekiilen wie Proteinen, Nukleinsduren und Lipiden ermoglicht
[54-57|. Hier wird speziell ein Beitrag zur Entwicklung von Arzneimitteln sowie zur
Aufklarung biologischer Prozesse geleistet [58] [59]. Ein weiteres Anwendungsfeld ist
die Nanotechnologie, um das Verhalten und die Eigenschaften von Nanomaterialien
wie Nanopartikeln, -r6hrchen oder -dréhten zu untersuchen [60, 61]. In der Nano-
medizin ermdglichen MD Simulationen die Entwicklung nanopartikelbasierter The-
rapeutika, einschlieflich der Untersuchung von Wechselwirkungen mit biologischen
Systemen [62]. In den Materialwissenschaften konnen Strukturen bzw. deren Aus-
bildung oder beispielsweise mechanische Eigenschaften studiert werden |63, 64]. Die
Vorhersage von Materialverhalten unter verschiedenen Bedingungen oder die Ent-
wicklung neuer, mafsgeschneiderter Materialen ist moglich [65] [66]. In dieses Umfeld

fallt ebenfalls der Einsatz der MD Simulation mit Blick auf Polymere. Auf atomarer
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Ebene kénnen Analysen von Konformationen oder dynamischer Vorginge erfolgen
[67]. Die Entstehung von (teil-)kristallinen Strukturen ist beobachtbar |68} |69]. Sich
aus der Struktur ergebende mechanische, thermische und weitere physikalische Ei-
genschaften sind analysierbar |70, 71]. All diese Untersuchungen lassen sich unter
anderem durch den Einbezug von Temperatur-, Spannungs- oder Losungsmittelein-
fliissen erweitern |72}, |73]. Die dargestellte Zusammenfassung hat keinesfalls einen
Anspruch auf Vollstandigkeit. Sie dient lediglich dazu, einen Einblick in die viel-
faltigen Moglichkeiten der mittels MD Simulation bearbeitbaren Themenfelder zu
erlangen.

Ist das angestrebte Ziel, Effekte, die auf hoheren Léngen- und/oder Zeitskalen
stattfinden, zu erfassen, so ist dies trotz stetig zunehmender Rechenleistung unter
Verwendung vollatomistischer Reprasentationen nicht effektiv oder gar unmdéglich.
Als Alternative hat sich der Einsatz mesoskaliger Ansétze etabliert [74-76]. An-
wendung finden solche Modelle insbesondere dann, wenn der Schwerpunkt von Un-
tersuchungen weniger auf der exakten molekularen Struktur bzw. von chemischen
Interaktionen liegt, sondern Effekte auf mesoskopischen Skalen auftreten, beispiels-
weise bei der Erklarung von mechanischem Verhalten [77]. Abbildung|1.5gibt einen
Einblick in Méglichkeiten, die Systeme unterschiedlich vergrébert auf der Mesos-
kala zu betrachten. Simpelste Art der Vergroberung stellt der United Atom (UA)
Ansatz dar (Abbildung[1.5(a)), bei dem auf die explizite Modellierung von Wasser-
stoffatomen verzichtet wird |78]. Dieser Strategie folgend werden bei der Anwendung
von vergroberten MD Methoden (Coarse-Graining MD (CG MD)) ganze Atomgrup-
pen zu Superatomen (,Beads”) zusammengefasst (Abbildung[I.5(b)) [76]. Hierdurch
findet zum einen eine erhebliche Reduktion der Freiheitsgrade im Modell statt. Dar-
iiber hinaus entfallen die h6chsten Vibrationsfrequenzen der Atombindungen, so dass
die Zeitschrittweite gegeniiber vollatomistischen Modellen um ein Vielfaches hoher
gewdhlt werden kann [40]. Die Anwendungsfelder von vergroberten MD Modellen
schlieft insbesondere die Betrachtung komplexer Biomolekiile (Proteine [79], Lipid-
membranen [80]) ein, wenn Effekte auf Skalen stattfinden, die vollatomistischen MD
Methoden nicht zugénglich sind. Analog dazu gestalten sich Untersuchungen von
Polymeren [46, 81-83]. Weitere Anwendungsfelder und detailliertere Erlauterungen
zum prinzipiellen Vorgehen bei der Nutzung von vergroberten MD Methoden wer-
den in Abschnitt dargelegt.

Eine Abgrenzung zu noch hoheren Skalen hin stellen Verfahren wie Dissipative
Particle Dynamics (DPD) [84], Smoothed Particle Hydrodynamics (SPH) [85] oder
die Lattice Boltzmann Methode (LBM) [86] dar. Insbesondere der DPD Ansatz

11
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hat sich im wissenschaftlichen Umfeld als flexibel einsetzbare und weit verbreitete

Methode etabliert [41], [75, [87].

(a)

Q0OC

Abbildung 1.5 Verschiedene Ansétze zur vergroberten Modellbeschreibung von Poly-
styrol: Darstellung (a) kann als einfachste Art der Vergroberung im Sinne eines Uni-
ted Atom Ansatzes angesehen werden. Wasserstoffatome werden nicht mehr explizit be-
riicksichtigt. (b) veranschaulicht eine mogliche Vergroberung, wie sie bei Anwendung von
Coarse-Graining MD Methoden iiblich ist. Die Superatome des Typs A représentieren CHo
Einheiten mit jeweils einer halben benachbarten CH Einheit. Typ B beschreibt den Phe-
nylring. Darstellung (c) entspricht einer denkbaren Vergréberung nach DPD Methode. (d)
fasst eine ganze Kette zu einem Partikel zusammen.

Wie in vielfiltiger Weise aufgezeigt werden konnte, ist die DPD Methode ge-
eignet, atomistische Skala und Kontinuumskala miteinander zu verbinden [75, [38].
Die numerische Effizienz des Verfahrens ist gegeniiber MD Simulationen enorm ge-
steigert. Die Zusammenfassung einer Gruppe von Atomen, ganzer Molekiile oder
von Monomeren (Abbildung [L.5(c)) zu DPD Partikeln sowie die Nutzung extrem
weicher Potentiale sind Kernmerkmale der Methode. Hierdurch wird die Verwen-
dung hoher Zeitschrittweiten ermoglicht . Die DPD Methode eignet sich, um
verschiedenste Aufgabenstellungen, wie etwa aus den Bereichen kolloidaler Losun-
gen, biophysikalischer Systeme oder Phasenseparation, zu bearbeiten , . Auch
Polymere werden mittels DPD untersucht. So ist die Vorhersage von rheologischem
oder mechanischem Verhalten iiber DPD Simulationen effizient méglich 75| [87]. Bei
der Untersuchung von Polymeren miissen explizite Erweiterungen der Methode ein-
bezogen werden, um Verschlaufungen von Ketten modellieren zu kénnen. Dies ist

aufgrund der weichen Potentiale zwischen DPD Partikeln notig, da sonst Ketten-
durchdringungen auftreten [91H93].

12
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Abschliefsend zu erwahnen sind Ansétze, die ganze Polymerketten zu einem Par-
tikel, der sodann als weiches Kolloid betrachtet werden kann, zusammenfassen (Ab-
bildung [1.5(d)). Hierbei wird ebenfalls auf die DPD Methode zuriickgegriffen [94]
oder Ultra-Coarse-Graining |95] angewandt. Auf diese Weise kann Polymerverhalten,
beispielsweise in Losungen [95, 96| oder hinsichtlich des Fliefverhaltens, untersucht

werden [97].

1.3.2 Molekulardynamik Simulation

Die Basis der MD Simulation bildet die klassische Newton’sche Mechanik. Bewegun-
gen von Teilchen eines atomistischen Systems konnen wie folgt beschrieben werden

[40]:
1% 1 1 7 9 ; .

Die zu berechnenden Kréfte F'; auf die Partikel ergeben sich durch zu definierende

Potentiale bzw. aus der potentiellen Energie U(r™). Hierbei reprisentiert v =
(r1,72,...7N) den vollstindigen Satz von 3N Koordinaten der Partikel im System.

Potentiale kénnen im idealen Fall aus der Quantenchemie ab initio abgeleitet
werden. Dies ist aufgrund des notwendigen Rechenaufwands jedoch nur fiir kleine
Systeme moglich [51], |98]. Daraus folgt, dass man im allgemeinen Fall auf eine em-
pirische Parametrisierung der Modelle angewiesen ist [98]. Im Themenfeld der MD
Simulation wird statt von Potential auch von Kraftfeld gesprochen. Das individuelle
Kraftfeld besteht aus der Angabe der exakten mathematischen Form der den Stoff
beschreibenden Potentialfunktionen sowie des notwendigen Satzes an Parametern
[41].

Im Bereich der Polymere wird das atomistische System aus zwei Anteilen be-
schrieben. Dies sind zum einen die intramolekularen Potentiale, die die Interaktionen
der chemisch gebundenen Partikel reprasentieren. Zum anderen beschreibt das in-
termolekulare Potential die Krafte zwischen chemisch nicht gebundenen Teilchen.
In einer allgemeinen Form entsteht das folgende, haufig angewendete Kraftfeld zur

Beschreibung von Polymeren [98-100]:
Utot - Uintra + Uinter - (Ubond + Ubend + Utors) + (Uvdw + Ucoulomb) (]-2)

Abbildung veranschaulicht die Bedeutung der einzelnen Potentialterme. Upgnq
reprasentiert das Potential, welches Streckungen (Stauchungen) zwischen zwei Par-
tikeln beschreibt. Biegungen, die zwischen drei Partikeln bestehen, werden iiber

Upena dargestellt. Zwischen vier Partikeln auftretende Torsionen werden durch Uy
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wiedergegeben. Die Beschreibung der intermolekularen Wechselwirkungen chemisch
nicht gebundener Teilchen erfolgt iber U,qy. Moglich ist auch die Beriicksichtigung
elektrostatischer Wechselwirkungen durch das klassische Coulomb-Potential U ¢ouiomn
[101].

o® -

(@) (b)

¢

© (d)

Abbildung 1.6 Intra- ((a) Bindung, (b) Bindungswinkel, (c) Torsionswinkel) und inter-
molekulare Wechselwirkungen (d) zwischen Partikeln.

Die angegebene Gleichung[1.2] die von der Annahme ausgeht, dass die potentielle
Gesamtenergie in die jeweiligen Terme separierbar ist, stellt streng genommen eine
Vereinfachung dar. Aus quantenmechanischen Berechnungen kann abgeleitet wer-
den, dass beispielsweise Kreuzterme zwischen Streckungen und Biegungen existieren,
die idealerweise im Kraftfeld beriicksichtigt werden sollten [101]. Die Beschreibung
der intramolekularen Potentiale Uiy, erfolgt in vielfaltiger mathematischer Form.
Héufig werden harmonische Potentiale genutzt . Auch das intermolekulare
Potential U4, ist auf verschiedene Weise formulierbar. Anwendung findet oftmals
das Lennard-Jones (LJ) Potential gemé Gleichung[1.3] nachfolgend in seiner ,12-6
Form dargestellt :

o 12 o\ 6
unealr) =1 | (2) = (2)' (13)
Hierbei beschreibt e die Tiefe des Potentialminimums, o definiert den Teilchenab-
stand, bei dem das Potential eine Nullstelle besitzt, r ist der Abstand der interagie-
renden Teilchen. Das LJ Potential ist zusammengesetzt aus einem attraktiven Anteil
(Van-der-Waals- /London-Wechselwirkung) sowie einem repulsiven Part (Pauli-

Repulsion) [40]. Die Wahl, den attraktiven Teil iiber einen Exponenten von 6 zu
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beschreiben, ist iiber die Definition der London’schen-Dispersionskraft physikalisch
begriindet. Der Zusammenhang ist quantenmechanischen Ursprungs und basiert auf
korrelierten Bewegungen von Elektronen [101]. In Folge stellt sich eine anziehende
Kraft zwischen Molekiilen ein, auch wenn diese unpolar sind. Den repulsiven Anteil
iiber einen Exponenten von 12 abzubilden, folgt keinen theoretischen Argumenten,
sondern ist rein numerisch begriindet. Es kann gezeigt werden, dass eine Wahl von
9 oder 10 zu besseren Resultaten fiihrt [101]. Verbreitete Alternative zum LJ Poten-
tial stellt das Buckingham Potential dar, welches auch als Hill Potential bekannt ist
[101]. Seine Form in ,exponentieller 7~% Darstellung lautet [101} |102]:

C

—Br
UBuckingham,exp(r) = Ae - E

(1.4)
A, B und C sind Konstanten, die fiir den jeweiligen Anwendungsfall zu bestim-
men sind. Das Buckingham Potential ermdglicht eine flexiblere und realistischere
Modellierung des abstofenden Anteils auf Kosten der numerischen Effizienz [103].
Dariiber hinaus ist bei Verwendung des Buckingham Potentials zu beachten, dass
dieses fiir sehr kleine Teilchenabstdnde aufgrund des auftretenden Hochpunktes im
Potentialverlauf gegen —oco lauft. In speziellen Situationen, beispielsweise bei extre-
men Temperaturen, kann dies das System in einen unphysikalischen Zustand bringen
(,Fusion von Partikeln®) [101].

Hinzuweisen ist auch auf den Anwendungsfall einer génzlich anderen Beschrei-
bung von U,q, liber abschnittsweise definierte analytische Funktionen. Moglich ist
auch ein rein numerisches Potential. Vorteil ist die hohe Flexibilitét der Gestaltung

des Potentials. Insbesondere bei der Entwicklung bzw. Anwendung von vergréberten

Kraftfeldern haben sich letztere Varianten als vorteilhaft erwiesen |98 |104].

Losungsverfahren

Wie bereits erlautert, ist die MD Simulation dazu geeignet, die Trajektorie eines Sys-
tems abzubilden. Basierend auf den initialen Partikelpositionen und -geschwindig-
keiten in Verbindung mit den angenommenen Interaktionspotentialen (Kraftfeld)
muss ein passender numerischer Algorithmus zur Losung des Problems aufgestellt
werden. Hierzu hat sich der sogenannte Velocity Verlet Algorithmus etabliert, der

mathematisch wie folgt umrissen werden kann [40, (105, [106]:

r(t+0t) = r(t) + 6tv(t) + %5t2a(t) (1.5)

1 1
ot + 50t) = v(t) + 50ta(t) (1.6)
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a(t + o0t) iber Auswertung des Kraftfeldes U (1.7)

v(t+ 0t) = v(t + %51&) + %&a(t + dt) (1.8)

Die Variablen r, v und a représentieren die Positionen, Geschwindigkeiten und Be-
schleunigungen der Partikel. Letztere ergeben sich fiir die Partikel der Massen m; aus
den Kriften F; bzw. dquivalent dem Kraftfeld U (Gleichung[L.7|bzw.[L.1)). Unter der
Annahme, dass Interaktionen fiir eine kleine Zeitschrittweite 0t annédhernd konstant
sind, ist der Algorithmus in der Lage die Dynamik eines Systems abzubilden. Die
Zeitschrittweite ist hierbei so zu wihlen, dass die schnellsten Bewegungen von Parti-
keln im System aufgel6st werden konnen. In vollatomistischen Modellen sind dies die
Vibrationen von Bindungen mit Wasserstoffatomen aufgrund deren geringer Masse
[40]. Vorteile des dargestellten Velocity Verlet Algorithmus sind Rundungsfehler in
einer Grokenordnung von lediglich 6t*, die leichte Implementierbarkeit, numerische
Stabilitat sowie die geringen Speicheranforderungen [40, [107].

Verbreitete Alternative zum Velocity Verlet Algorithmus ist der Leap-Frog Al-
gorithmus [40, 103]. Orte und Beschleunigungen der Partikel werden fiir einen Zeit-
punkt ¢ berechnet, Geschwindigkeiten jedoch fiir den Zeitpunkt ¢ — %&. Folglich
,iberspringen® sich die Zeitpunkte der Berechnungen der jeweiligen Grofen gegen-
seitig. Bei im Vergleich zum Velocity Verlet Algorithmus sonst gleichen Eigenschaf-
ten ist die Ungleichzeitigkeit der Verfiigbarkeit von Orts- und Geschwindigkeitsdaten
der grofite Nachteil des Leap-Frog Algorithmus [40].

Moglichkeiten und Grenzen

Zunéachst gilt es, sich klar zu machen, dass klassische molekulardynamische Modelle
stets eine erhebliche Vereinfachung der Realitéit respektive der zugrunde liegenden
quantenmechanischen Gesetzméfigkeiten darstellen. Durch die Anwendung der Me-
thoden der klassischen Mechanik konnen quantenmechanische Effekte, wie beispiels-
weise Tunneleffekte oder die Bildung bzw. das Brechen chemischer Verbindungen,
grundsitzlich nicht abgebildet werden [51]. Kraftfelder besitzen ausschlieflich in-
nerhalb eines definierten Bereiches (insbesondere der Temperatur) Giiltigkeit [40].
Es existiert fiir einen bestimmten Stoff kein universelles Kraftfeld, das in der Lage
ist, alle physikalischen Zustdnde unter allen denkbaren Randbedingungen korrekt
wiederzugeben [40]. Infolgedessen findet sich in der Literatur fiir ein und denselben
Stoff eine Vielzahl von Kraftfeldern. Aufgrund des Ansatzes, den jeweiligen Stoff
iiber vereinfachende Potentiale zu beschreiben, besitzen die einzelnen Kraftfeldpa-

rameter in der Regel keine physikalische Bedeutung [98]. Die endgiiltige Verifikation
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des gewihlten Kraftfeldes sowie der damit erzeugten Ergebnisse muss stets an aus-
gewahlten, experimentell bestimmbaren Grofen erfolgen [108].

Trotz all dieser Einschréankungen hat die Molekulardynamik Simulation gewich-
tige Vorteile. Gegeniiber dem Realexperiment konnen Stoffe ohne jedwede Verun-
reinigung untersucht werden. Durch Kenntnis aller atomistischen Details kann die
direkte Berechnung beliebiger Observablen erfolgen. Auch sonst messtechnisch nicht

erfassbare Bereiche sind der MD Simulation zugénglich [51].

1.3.3 Coarse-Graining

Innerhalb dieses Abschnittes soll die systematische Entwicklung vergroberter Kraft-
felder auf Basis von zuvor durchgefiihrten vollatomistischen Simulationen vorgestellt
werden. Dieses Vorgehen wird in der Literatur als Bottom-Up Ansatz bezeichnet |77,
109|. Verschiedenartige Methoden zur Konstruktion vergroberter Kraftfelder sind in
der Literatur beschrieben [42-44] (74] [104], 110, 111]. Eine Auswahl an etablierten
Vorgehensweisen wird im Folgenden in ihrer Grundidee skizziert. Unabhingig von
der angewendeten Methode ist zunédchst zu bestimmen, welche Gruppe von Atomen
zu einem Superatom zusammengefasst werden soll. Zusétzlich ist festzulegen, an wel-
cher Position das Superatom mit Bezug zu den zu reprasentierenden Atomen liegt
(Massenschwerpunkt, charakteristisches Atom etc.). Bereits diese, zunéchst einfach
erscheinenden Entscheidungen haben signifikante Auswirkungen auf die mit dem
Modell erzielbaren Simulationsergebnisse [81) [112]. In einem zweiten Schritt ist fiir
das vergroberte Modell eine geeignete Parametrisierung in Form eines Kraftfeldes
zu finden.

Eine Moglichkeit, eine passende Parametrisierung zu erhalten, ist das sogenann-
te Structure Matching |74, 104]. Die Auslegung des CG Kraftfeldes erfolgt mit dem
Ziel, strukturelle Eigenschaften des vollatomistischen Systems direkt auf das vergro-
berte System zu {ibertragen. Zur Charakterisierung der jeweiligen Struktur bieten
sich die Verteilungen von Bindungslédngen (P(r)), Bindungswinkeln (P(#)), Torsions-
winkeln (P(¢)) sowie Paarverteilungsfunktionen (g(r)) an. Diese Methode bendtigt
lediglich Positionen der betrachteten Teilchen als Eingangsgrofe [43, 104]. Bei der
Bestimmung der Verteilungsfunktionen ist die Lange der Trajektorien so zu wahlen,
dass eine hohe statistische Genauigkeit der Verteilungen sichergestellt ist [104} |112].

Auf die Verteilungsfunktionen kann so dann die Boltzmann Inversion angewendet
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werden, die auf der Idee basiert, dass im kanonischen Ensembld!] die unabhingigen

Freiheitsgrade der Boltzmann-Verteilung folgen [113]:

P(q) = Z" " exp[—BU(q)] (1.9)

Hierbei sind Z = [ exp[—pU(q)]dg (Zustandssumme), 8 = 1/kgT sowie P(q) die
betrachtete Verteilungsfunktion. Durch Invertierung der jeweiligen Verteilungsfunk-
tion gelangt man zu den bendtigten Potentialen U(q), die das vergroberte System

beschreiben:
U(q) = —kgT'In P(q) (1.10)

Der Normalisierungsfaktor Z kann entfallen, da dieser lediglich in Form einer zu ad-
dierenden Konstanten im vergroberten Potential erscheint [104]. Das resultierende
effektive Potential U(q) ist zu gldtten, um durch Ableitung kontinuierliche Kréfte zu
erhalten. Die Anwendung von Splines bietet sich als eine Moglichkeit an 104}, [112].
Vorteil des erlauterten Vorgehens ist die Einfachheit des Ansatzes. Zur Ermittlung
von intramolekularen Potentialen (Bindung, Biegung, Torsion) wird die Boltzmann
Inversion erfolgreich eingesetzt [104, 113|. Die Qualitét der gewonnen Potentiale ist
jedoch nur fiir Systeme von geringer Dichte zuverldssig hoch. Fiir Systeme hoher
Dichte ist die Boltzmann Inversion oftmals nicht in der Lage strukturelle Grofien
mit hoher Genauigkeit zu reproduzieren [43, 114]. Dies liegt darin begriindet, dass
die Boltzmann Inversion der Paarverteilungsfunktion nur unter speziellen Voraus-
setzungen eindeutig ist, ndmlich ausschlieflich dann, wenn alle Krafte des Systems
iber Paarwechselwirkungen ausgetauscht werden [98|. Diese Erkenntnis ergibt sich
aus dem Theorem von Henderson [115].

Um diesen Einschrankungen zu begegnen, stellt die iterative Boltzmann Inversi-
on (IBI) eine geeignete Erweiterung des Vorgehens dar [43]. Hierbei wird das gesuchte
effektive Potential schrittweise ermittelt, indem die Differenz der Korrelationsfunkti-
on von atomistischem Referenzmodell (P,f) und vergrobertem Modell (P) in jedem

Iterationsschritt n verglichen wird:

gt — g L NAU™

P

1.11
AU® = kpTIn —— = Uk — USh) —
— "B Pt — YPMF PMF

Der Faktor A € (0,1] dient der numerischen Stabilisierung des Schemas. Abhéngig

L Als Ensemble wird in der statistischen Physik eine Menge an mikroskopisch verschiedenen Sys-
temen bezeichnet, die unter makroskopisch gleichen, fixen Randbedingungen stehen. So sind im
kanonischen Ensemble Teilchenzahl N, Volumen V und Temperatur T vorgegebene Randbedin-
gungen. [40].
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von der Zahl der durchgefiihrten Iterationen, kénnen mit dieser Methode effektive
Potentiale mit sehr hoher Genauigkeit erzielt werden, unabhéngig von der Dichte
des Systems [77]. Nachteilig ist, dass bei jedem Iterationsschritt eine Simulation des
vergroberten Systems durchgefiithrt werden muss, um die Paarverteilungsfunktion
P™ als Eingangsgrofe fiir den nichsten Iterationsschritt zu ermitteln [104]. Ist ein
vergrobertes Modell bestimmt, so ist zu beachten, dass dieses nicht alle thermody-
namischen Groéfen des Referenzsystems wiedergeben kann. So kénnen etwa Druck,
Kompressibilitdt oder Viskositdt von Werten des vollatomistischen Referenzsystems
abweichen [104} [116]|. Korrekturmafnahmen sind in der Lage diese Abweichungen
teilweise auszugleichen. Beispielsweise durch Anpassung von Thermostatparametern
kann die Viskositét im vergroberten Modell korrigiert werden [104], 117]. Der Druck
kann durch Hinzufiigen eines linearen Terms im nicht-bindenden Potential ebenfalls
verbessert werden, ohne die zuvor optimierte Ubereinstimmung der radialen Ver-
teilungsfunktionen zu verschlechtern [43|. Anwendungsfelder der IBI Methode sind
unter anderem Polymersysteme [43], 81} 110, [118], ionische Fliissigkeiten [119], Pro-
teine [79] oder Lipidmembranen [80].

Zu den strukturbasierten Methoden gehort des Weiteren die inverse Monte-Carlo
Methode (IMC), die ebenfalls auf einem iterativen Schema zur Findung eines ver-
groberten Potentials beruht [120]. Analog zur Anwendung der iterativen Boltzmann
Inversion soll bei Nutzung der IMC Methode ein Potential so angepasst werden,
dass eine Verteilungsfunktion durch das vergréberte Modell moglichst exakt wieder-
gegeben wird. Der Unterschied besteht darin, dass die IMC Methode die iterativen
Anpassungen des Potentials streng aus den Gesetzméfigkeiten der statistischen Me-
chanik ableitet [104, 121]. Aufgrund dieses Vorgehens hat die IMC Methode den
Vorteil, dass gegeniiber der iterativen Boltzmann Inversion schnellere Konvergenz
zu erwarten ist |[104]. Jedoch hat eine Iteration einen erheblich héheren numerischen
Aufwand zur Folge. Dies ist darauf zuriickzufiihren, dass die IMC Methode Kreuz-
korrelationen beriicksichtigt, beispielsweise fiir die Potentiale Uapa, Uapg, und Ugg,
wobei A und B unterschiedliche Partikeltypen beschreiben. Infolgedessen miissen
fiir ein Potentialupdate wesentlich mehr Daten gesammelt werden, als es bei glei-
cher Genauigkeit bei der iterativen Boltzmann Inversion der Fall ist [104].

Neben den bisher diskutierten Methoden auf Basis des Structure Matching exis-
tiert das sogenannte Force Matching, welches zunéchst durch Ercolessi und Adams
[122] eingefiihrt wurde und spéter von Izvekov und Voth [123] unter der Bezeich-
nung Multiscale Coarse-Graining weiterentwickelt worden ist. Ziel hierbei ist nicht,
verschiedene die Struktur beschreibenden Verteilungsfunktionen direkt abzubilden,

sondern die auf viele Teilchen wirkenden Kréfte (respektive Potentiale) auf ein Supe-
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ratom zu iibertragen. Bei der Durchfiihrung einer vollatomistischen Simulation des
zu vergrobernden Systems werden die auf das Superatom ¢ wirkenden Referenzkraf-
te fr°f als Summe der auf die zugehorigen Einzelatome wirkenden Kriifte berechnet.
Das vergroberte Potential, daraus folgend die Kréfte, werden iiber S Parameter
g1, -, gs bestimmt [104], |122]. Diese Parameter konnen beispielsweise Vorfaktoren
von analytischen Funktionen oder Koeffizienten von Splines sein, die den Poten-
tialverlauf beschreiben [104]. Werden nun fiir R Abbildungen der Trajektorie die
Referenzkrifte berechnet, kénnen 7" x R Gleichungen wie folgt formuliert werden:

[ (g,..y9s)=frf i=1,...,T, r=1,...,R (1.12)

ir

cg
ir

Dabei ist frf die auf Superatom i wirkende Referenzkraft. ist die zugehorige

Abbildung im vergroberten Modell. Der Index r» nummeriert die Abbildungen der
Trajektorie. Das entstehende Gleichungssystem kann sodann beispielsweise iiber die
Methode der kleinsten Quadrate gelost werden, um die Koeffizienten g zu bestim-
men. Voraussetzung ist, dass die erfasste Trajektorie des atomistischen Systems so
lang ist, dass S < T x R gilt. Dies stellt sicher, dass das Gleichungssystem iiberbe-
stimmt ist [104} |122].

Uber die hier verkiirzt dargestellten Inhalte hinaus existieren in der Literatur
weitere Untervarianten bzw. génzlich andere Verfahren zur Erzeugung eines vergro-
berten Kraftfeldes. So ist die Technik der Relative Entropy Minimization, welche
den Vorteil bietet auch 3-Korper- und héhere Potentiale zu optimieren, etabliert
[124-126|. Erweiterung des Force Matching Ansatzes ist das Ultra-Coarse-Graining
[109, [127]. Zur Untersuchung grofer Biomolekiile existieren speziell angepasste An-
satze wie das Essential Dynamics Coarse-Graining [128] oder Heterogeneous Elastic
Network Modeling [121]. Die in diesem Abschnitt erwiéihnten Methoden sind in Soft-
warepaketen wie VOTCA [104] oder OpenMSCG [129] implementiert.

1.3.4 Vergrobertes Polyethylen Modell

Das in dieser Arbeit verwendete vergroberte Polyethylen Modell bedarf einer kur-
zen gesonderten Einfiihrung. Es basiert auf den Molekulardynamik Modellen, die
von Eichenberger in [130] fiir Alkane von Propan bis einschlieflich Eicosan ent-
wickelt worden sind. Hierbei werden 2, 3 oder 4 CH,, Einheiten zu einem Superatom
vergrobert. Die Besonderheit des Modellansatzes von Eichenberger ist die Verwen-
dung einer analytischen Beschreibung der einzelnen Potentialfunktionen (Bindungs-,
Biegungs-, Torsionspotential sowie LJ Interaktionen).

Zur Ermittlung der Parameter fiir das vergroberte Potential werden einerseits

20



1.3 Methoden

atomistische Simulationen genutzt, um strukturelle Grofsen zu bestimmen. Anderer-
seits wird das vergroberte Potential an experimentelle Grofsen angepasst. Dies sind
die Dichte und als energetische Grofe die Verdampfungsenthalpie. Zunédchst wird die
atomistische Simulation auf Basis eines UA Modells fiir 18 n-Alkane bei Raumtem-
peratur (298,15 K bei 1bar) durchgefithrt. Das Modell basiert auf dem GROMOS
45A3 Kraftfeld, welches auch zur Beschreibung von Polymeren verwendet werden
kann [131]. Die durchgefiihrten Referenzsimulationen zeigen fiir alle Alkane eine sehr
gute Ubereinstimmung von Dichte und Verdampfungsenthalpie mit experimentellen
Werten. Sie werden daher als gute Basis fiir ein vergrobertes Modell eingestuft.

Die einzelnen Potentialterme im vergroberten Kraftfeld gestalten sich wie folgt:

Ubond(7) = ;LKID(T2 —ry)° (1.13)
Upena(0) = %Ke(cos(e) _ cos(o))? (1.14)
Utors(¢) = K (1 — cos(mo)) (1.15)

Uuan) = e[ (2) = (9) ] r <. (1.16)

T T

Die Bestimmung der intramolekularen Kraftfeldparameter K, mit ¢ = b, 0, ¢ ge-
schieht laut Eichenberger [130] zunéchst, indem die Verteilungsfunktionen P(q)
auf Basis der Referenzsimulationen bestimmt werden. Hieraus werden die Gleich-
gewichtsparameter ¢q als Mittelwerte der jeweiligen Verteilung ermittelt. Die Kraft-
feldparameter K, werden bestimmt, indem die zugehorigen Verteilungsfunktionen
Boltzmann invertiert werden. Auf die erhaltenen Potentialverlaufe wird iiber die
Methode der kleinsten Fehlerquadrate ein bestmoglicher Parameter K, festgelegt.

Die intermolekularen Wechselwirkungen werden durch ein klassisches LJ 12-6
Potential (Gleichung beschrieben. Hierbei wird differenziert, ob sich Supera-
tome an den Kettenenden oder an einer inneren Position im betrachteten Molekiil
befinden. Ein jeweils eigenstdndiger Parametersatz wird festgelegt. Auf die zusétz-
lich definierten 1-4 Interaktionen wird die gleiche Vorgehensweise angewendet. Initial
werden die unterschiedlichen LJ Parameter iiber die gemappte Energie des LJ Po-
tentials geméafs Gleichung abgeschétzt.

U, (1) :< S o, <~‘f‘>> 1)

Jj=1

)
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das LJ Potential in

der Referenzsimulation. Die eckigen Klammern reprisentieren den Mittelwert iiber

Hierbei ist N die Anzahl der Atome pro Superatom und UY
alle Superatom-Paarungen. Die Potentiale werden anschliefsend so angepasst, dass
die experimentell ermittelte Dichte bei Raumtemperatur sowie die Verdampfungs-
enthalpie gut reproduziert werden. Abschliefend verifiziert wird das Kraftfeld durch
Ermittlung und Vergleich des Selbstdiffusionskoeffizient (Einstein Relation [40]), der
in guter Ndahe zum Experiment wiedergegeben wird.

Das hier zusammengefasste Vorgehen hinsichtlich der Vergroberung von Alka-
nen ist im Grundsatz plausibel und zuléssig. Der Aufbau auf einem atomistischen
Kraftfeld, das iiber alle betrachteten Kettenlingen hinweg gute Ubereinstimmung
mit experimentell ermittelten Groflen zeigt, ist eine gute Basis fiir ein vergrober-
tes Modell. Die Verwendung struktureller Grofen aus atomistischen Simulationen
gepaart mit Anpassungen des Kraftfeldes an makroskopische bzw. experimentelle
Kennwerte ist ebenfalls ein Ansatz, der zur Findung eines physikalisch guten ver-
groberten Kraftfeldes geeignet ist. Wesentliche Einschrankungen ergeben sich auf-
grund der Tatsache, dass auch im vergroberten Kraftfeld bewusst mit klassischen
analytischen Potentialen gearbeitet worden ist, wie sie sonst in vollatomistischen
Kraftfeldern Anwendung finden. Daraus resultiert, dass das ermittelte vergroberte
Kraftfeld strukturelle Grofen naturgeméaft nur mit méafkiger Genauigkeiten wiederge-
ben kann. Resultate in der Arbeit von Eichenberger [130] zeigen, dass jenes Kraft-
feld, welches 4 CH,, Einheiten in ein Superatom (4:1) vergrébert, signifikante Spitzen
und damit iberméfig stark strukturierte Eigenschaften bzgl. verschiedener radialer
Verteilungsfunktionen aufweist. Hiervon sind die beiden niedrigeren Vergroberungs-
grade (2:1, 3:1) weit weniger betroffen. Solche Effekte kénnen durch die in Abschnitt
beschriebenen Methoden in erheblichem Mafse verringert oder vollig vermieden
werden. Letzteres kann durch konsequente Anwendung der iterativen Boltzmann In-
version erreicht werden. Kosten sind an dieser Stelle selbstverstandlich ein hoherer
Aufwand bei der Ermittlung des vergroberten Kraftfeldes wie auch der Wegfall der
Moglichkeit die Modellbeschreibung iiber analytische Potentiale zu gewéhrleisten.
Letzteres hat gerade in seiner Einfachheit einen besonderen Anreiz, da sowohl die
Implementierung in Programmpakete als auch die Anwendung auf einfache und si-
chere Weise moglich ist. Hinzu kommt, dass das hier diskutierte Kraftfeld auch mit
Blick auf den Selbstdiffusionskoeffizienten gute Ubereinstimmung mit experimen-
tellen Kennwerten gezeigt hat [130]. Auch dies ist ein Argument dafiir, dass das
Kraftfeld fiir die angestrebten Untersuchungen dynamischer Ablaufe geeignet ist.
Dass diese Annahmen gerechtfertigt sind, soll im Verlauf dieser Arbeit dargestellt

werden, indem eigene Untersuchungen zur Bestimmung ausgewéahlter mechanischer
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und thermischer Gréfsen durchgefiihrt werden. Durch Vergleich mit experimentellen
Kennwerten wird die Tauglichkeit des Kraftfelds fiir die Anwendung an langkettigen

Polyethylensystemen nachgewiesen.

1.3.5 Equilibrierung von Polymersystemen

Bei der MD Simulation von Polymersystemen ist zunéchst sicherzustellen, dass die
Systeme in einen physikalisch begriindeten Ausgangszustand {iberfiihrt werden. Dies
ist aufgrund der Eigenschaften von langkettigen Polymeren keine triviale Aufgabe.
Die Ursache dieses Problems liegt in den langsamen Kriechbewegungen verschlauf-
ter Polymerketten, wie sie de Gennes in seinem Reptationsmodell beschreibt [132].
So folgt unter anderem, dass die lingste Relaxationszeit einer verschlauften Poly-
merschmelze der Kettenlinge N mindestens mit N? skaliert [133]. Anhand dieser
Uberlegung wird deutlich, dass bei der Betrachtung langkettiger Polymere, wie es in
dieser Arbeit angestrebt ist, eine Brute-Force Equilibrierung héchst ineffizient bzw.
mit Blick auf Rechenzeiten unmoglich ist.

Angesichts der Wichtigkeit der Equilibrierungsprozedur sind in der Vergangen-
heit zahlreiche Methoden fiir Polymersysteme entwickelt worden [134-137]. Zu den
fortgeschritteneren Varianten gehort beispielsweise das Vorgehen von Zhang et al.
[138], das auf einem Modell basiert, welches Ketten zunéchst in stark vergréberter
Form mittels weniger weicher Partikel beschreibt. Anschlieffend werden mikroskopi-
sche Details iiber einen als Back-Mapping beschriebenen Prozess schrittweise zuriick-
gewonnen. Nachteilig ist, dass zuerst eine zum betrachteten Polymer passende stark
vergroberte Parametrisierung gefunden werden muss. Um hierauf verzichten zu kon-
nen, bietet sich die direkte Equilibrierung nach Moreira et al. [139] auf Basis der Ent-
wicklungen von Auhl et al. [140] an. Entscheidendes Merkmal dieser Methode ist die
einfache Anwendbarkeit bei gleichzeitig vertretbaren Rechenzeiten durch lediglich
lokal notwendige Relaxation von Kettensegmenten. Dies wird erreicht, indem Ket-
ten bereits zu Beginn des Vorgehens mittels Irrflugs-Modell (Non-Reversal Random
Walk (NRRW)) mit den im equilibrierten Zustand zu erwartenden mittleren quadra-
tischen inneren Abstdnden (Mean Square Internal Distances (MSID)) erzeugt wer-
den. Uber eine anschlieRende Minimierung von Dichteunterschieden (,,Prepacking®)
sowie einer behutsamen Einfilhrung des nicht-bindenden Potentials (,, Warm-Up*)
gelingt eine storungsfreie Equilibrierung [139] [140|. Die Effizienz dieses Verfahrens
wurde flir monodisperse Systeme bis zu einer Gréfse von 1000 x 2000 (Kettenan-
zahl M x Kettenlange V) nachgewiesen |139].

Um finale Resultate der Equilibrierungsprozedur zu iiberpriifen, ist die Mi-

krostruktur der Polymersysteme anhand von Grofen, die iiber Experimente be-
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stimmbar oder aus Theorien bekannt sind, zu validieren. Bewahrt haben sich hierzu
die bereits genannten mittleren quadratischen inneren Abstdnde sowie der statische
Strukturfaktor [138-H140|. Beide Grofsen charakterisieren den Zustand des equili-
brierten Polymersystems auf unterschiedliche Weise. Die inneren Absténde reagie-
ren sensitiv auf Deformationen von Ketten, der statische Strukturfaktor ist ein Mafs
fiir Dichteunterschiede auf allen Léngenskalen [140]. Beide Grofen lassen sich auf
einfache Weise durch die Auswertung von Simulationsergebnissen bestimmen. Sie
dienen daher ideal als Messgrofien zur Uberpriifung der Equilibrierungsprozedur.
Die aufgefiihrten Eigenschaften der Methode nach Auhl bzw. Moreira et al.
sprechen fiir eine gute Anwendbarkeit auf die hier zu untersuchenden Systeme. Da
— wie in Abschnitt noch diskutiert wird — eigene Systeme lediglich halb so grofs
sind wie jene, die in [139] zur Validierung genutzt wurden, sind auch hinsichtlich
der Systemgrofe keine Einschrénkungen zu erwarten. Dennoch sind Anpassungen
der Methode nétig, da diese fiir generische Systeme (Bead-Spring Modell mit zu-
sitzlichem Winkelpotential [140]) entwickelt worden ist. Die eigenen Entwicklungen
werden in den Ergebniskapiteln dieser Arbeit (Abschnitt [6]) vorgestellt und disku-
tiert. Kine genauere Darstellung der einzelnen Schritte der Equilibrierungsmethode

nach Moreira et al. ist in Anhang [[| aufgefiihrt.

1.3.6 Eingesetzte Simulationssoftware

Die in dieser Arbeit verwendete Simulationssoftware ist das Paket ESPResSo-++
(,Extensible Simulation Package for Research on Soft Matter Systems*) [141], [142].
ESPResSo++ ist ein quelloffenes Simulationspaket, das fiir die Durchfiihrung von
Mehrteilchen-Simulationen entwickelt wurde. Es konzentriert sich hauptsachlich auf
molekulardynamische und Monte-Carlo Simulationen von kondensierten Systemen
der weichen Materie. Insbesondere auch vergréberte Simulationsmodelle liegen im
Fokus des Programmpakets. Dariiber hinaus wurde die Software mit einem Schwer-
punkt auf Erweiterbarkeit entwickelt. Sie verfiigt {iber einen in der Programmier-
sprache C+-+ geschriebenen Kern, der mit einer auf Python basierten Schnittstelle
fiir den Benutzer verbunden ist. Durch diese Kombination ist es Nutzern technisch
unkompliziert moglich, neue Algorithmen hinzuzufiigen und Simulationsablaufe zu
modellieren [141]. In der Vergangenheit wurden die Féhigkeiten von ESPResSo-++
in verschiedensten wissenschaftlichen Verdffentlichungen, gerade auch im Bereich der
Polymere, genutzt [138] |143H145].

Fiir die Anwendung in dieser Arbeit ist das ESPResSo++ Paket ideal geeignet,
da geplante komplexere Simulationsabldufe auf einfache Weise und gleichzeitig zu-

verléssig liber Python Skripte steuerbar sind. Die leichte Erweiterbarkeit auf Ebene
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des C++ basierten Quellcodes ist ebenfalls von grofsem Vorteil. Fiir den Einsatz
auf dem zur Verfiigung stehenden Rechencluster kommt hinzu, dass ESPResSo++
insbesondere bei einer grofseren Anzahl an nutzbaren Prozessoren sehr gutes Skalie-
rungsverhalten aufweist [141]. Somit bietet der Einsatz der genannten Software eine

sichere Basis zur Durchfiihrung von Simulationen grofser Polymersysteme.

1.4 Zielsetzung

Zu den Zielen der vorliegenden Arbeit gehort zunédchst die Wahl einer geeigneten
Parametrisierung zur Beschreibung von Polyethylen mittels eines vergroberten mo-
lekulardynamischen Modells. Hierbei soll das Modell so einfach wie moglich gehalten
werden (vgl. Abschnitt [1.3.4]). Sich dieser Linie anschlieRend findet eine Beschrén-
kung auf die Betrachtung von rein monodispersen Polymersystemen statt. Auch
wird auf die Einbeziehung des Einflusses von Seitenketten verzichtet. Da sehr gering
verzweigtes HDPE im Fokus des Interesses steht, stellt diese Vereinfachung keine
grundsatzliche Einschrankung dar.

Innerhalb der gewéhlten Softwareumgebung sind Methoden zu entwickeln, die
die Moglichkeit bieten, ingenieurwissenschaftliche Gréfsen in Anlehnung an stan-
dardisierte Priifverfahren zu bestimmen. Im Zentrum steht der Zugversuch nach
DIN EN ISO 527 Norm, der mikroskopisch nachzubilden ist. Grofen wie Elastizitéts-
modul, Streckspannung und Querkontraktionszahl sollen ermittelt werden. Hieran
ankniipfend ist die Bestimmung thermischer Kennwerte von besonderer Relevanz.
Einfach bestimmbar sind in einem ersten Schritt Wéarmeausdehnungskoeffizient und
Glasiibergangstemperatur. Aufgrund des erwartbaren Auftretens von temperatur-
abhangigen Kristallisationseffekten sind diesbeziiglich ebenfalls Kennwerte zu er-
mitteln. Da sowohl die Bildung als auch das Auflésen von Kristallen dynamisch
ablaufende Effekte sind, sind Vorgehensweisen zu erarbeiten, die innerhalb vertret-
barer Rechenzeiten beispielsweise die Bestimmung der Kristallschmelztemperatur
erlauben. Bei der Ermittlung der genannten Parameter ist weiteres Ziel, das Ver-
halten der Polymerketten mikroskopisch zu quantifizieren und zu bewerten. Dies ist
vor dem Hintergrund von Umlagerungsvorgédngen von Molekiilketten wéahrend der
stark dynamisch ablaufenden Zugversuche, bei der Kristallisation oder auch beim
Kristallschmelzen von hoher Wichtigkeit.

Auf Basis der bei diesen Untersuchungen ermittelten Parameter kann die grund-
sitzliche Eignung des verwendeten Modellansatzes zur Beschreibung von Polyethy-

len gepriift werden. Die einzelnen Kennwerte werden mit im makroskopischen Ex-
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1 Finleitung

periment bestimmten Werten verglichen. Es kann abgeschétzt werden, wie sich die
extrem kurze Zeitskala im mesoskopischen Modell gegeniiber der makroskopischen
Ebene verhélt.

Zweiter Schwerpunkt der Arbeit ist, aus den Zusténden, die im Extrusionsblas-
formen auftreten, Randbedingungen abzuleiten, die in Simulationsmodellen auf mi-
kroskopischer Ebene umgesetzt werden konnen. Dies betrifft in der Hauptsache (a)
biaxiale Verstreckvorginge, die beim Aufblasen des Vorformlings auftreten, sowie
(b) die mechanischen wie auch thermischen Bedingungen beim anschliefenden Ab-
kiithlvorgang. Auf der Mikroskala sind entsprechende Zusténde nachzustellen. Von
grofser Wichtigkeit ist hierbei, analog zu den Zustdnden im Realprozess, eine grofse
Bandbreite an uni- wie auch biaxialen Verstreckgraden zu untersuchen. Hierbei ist
explizit zu beachten, dass Effekte insbesondere von der Kettenlange abhéngig sind.
Es ist die Frage zu beantworten, inwieweit Systeme bestimmter Kettenldnge geeig-
net sind, nach starken Verstreckvorgingen noch haufig genug verschlauft zu sein,
um das Verhalten einer dicht verschlauften Polymerschmelze zu reprisentieren.

Mit Blick auf den Prozess steht die Betrachtung von Auswirkungen der ein-
zelnen Prozessschritte (Verstrecken, Abkiihlen, Relaxieren) auf das mikromechani-
sche Verhalten von Polyethylen im Mittelpunkt. Dieses lasst sich im Wesentlichen
durch Orientierungen von Kettensegmenten bzw. End-zu-End Vektoren sowie durch
das Verschlaufungsverhalten charakterisieren. Weitergehend wird untersucht, wel-
che Auswirkungen die unterschiedlichen Mikrozustdnde auf das Relaxations- und
Kristallisationsverhalten haben. Die gewonnen Daten sollen einen Beitrag zum Ver-

stdndnis des sonst nicht experimentell beobachtbaren Verhaltens geben.

1.5 Aufbau der Arbeit

Nachdem zu Beginn der vorliegenden Arbeit die verfahrensspezifischen Hintergriin-
de mit Bezug zum Extrusionsblasformen erldutert worden sind, konnte daraus die
Problematik der signifikant prozessabhingigen Material- und damit Bauteileigen-
schaften abgeleitet werden. Es wurde erlautert, wie aktuell der Einsatz von Finite-
Elemente Simulationen den Auslegungsprozess erleichtert, jedoch erhebliche Liicken
bei der Materialkennwertermittlung bestehen. In Ergénzung zu den notwendigerwei-
se durchzufiihrenden Realexperimenten ist die Molekulardynamik Simulation einge-
fiihrt worden. Die Moglichkeiten zur Erstellung vergréberter Molekiilmodelle wurde
dargelegt.

Mit Blick auf die Zielsetzung wird im kumulativen Teil der Arbeit unter Ver-
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1.5 Aufbau der Arbeit

wendung eines mesoskaligen Modells fiir Polyethylen aufgezeigt, wie sich (a) Mate-
rialkennwerte ermitteln lassen sowie (b) die Ausbildung von mikroskopischen Struk-
turen beobachtet werden kann. Basis ist die Nutzung von molekulardynamischen
Simulationen mit ESPResSo-++. Abbildung |1.7] gibt hierzu einen Uberblick, wie die
genannten Kernthemen, ausgehend von einer geeigneten Equilibrierungsprozedur,
verkniipft sind. Zusammenfassend dargestellt ist ebenfalls die Zuordnung der The-

men zu den jeweiligen Kapiteln der Arbeit.

Equilibrierung
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Abbildung 1.7 Ubersicht der einzelnen behandelten Kernthemen im kumulativen Teil die-
ser Arbeit. Basis ist die Anpassung von etablierten Equilibrierungsmethoden auf das hier
genutzte Kraftfeld fiir Polyethylen. Gelingt die Equilibrierung, so kénnen mit Systemen
unterschiedlicher Grofse sowohl Materialkennwerte ermittelt als auch mikromechanische
Vorgéinge bei der Ausbildung von Strukturen, insbesondere hinsichtlich des Kristallisati-
onsverhaltens, untersucht werden.
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1 Finleitung

Der kumulative Teil beginnt mit Kapitel 2 und der Darstellung, wie langkettige
Polymersysteme aufzubauen und in einen equilibrierten Anfangszustand zu brin-
gen sind. Hierzu werden Methoden, die Stand der Technik sind, hinsichtlich des
vorliegenden Anwendungsfalls angepasst. Zusétzlich wird die verwendete Simulati-
onssoftware mit einem ersten, vereinfachten Ansatz so erweitert, dass Zugversuche
auf mesoskopischer Ebene abgebildet werden kénnen. Die erzielten Ergebnisse wer-
den fiir verschiedenartig vergréberte Polyethylenmodelle ausgewertet und diskutiert.

Kapitel 3 nutzt gegeniiber Kapitel 2 eine veranderte Methodik zur Durchfiih-
rung der Zugversuche. Durch Adaptierung des Quellcodes der genutzten Simulati-
onssoftware wird der Zugversuch durch eine direkte Verformung der Simulationsbox
ermoglicht. Dies stellt eine deutliche Verbesserung der Vorgehensweise dar. Unter
Verwendung dieses neuen Algorithmus werden Systeme uniaxial im Schmelzezustand
verstreckt und abgekiihlt, um das anschlieflende Kristallisations- und Relaxations-
verhalten zu untersuchen. Dieser Abschnitt gibt erste Hinweise darauf, wie sich Po-
lyethylen nach starken Verstreckvorgdngen mikromechanisch verhalt.

In Kapitel 4 werden die Methodiken auf biaxiale Verstreckversuche erweitert.
Unter Verwendung verschiedener uni- und biaxialer Verstreckgrade wird vorgestellt,
welche initialen Zustédnde nach Verstreckung und anschliefendem Abkiihlen in den
jeweiligen Systemen herrschen. Hierbei wird insbesondere das Wechselspiel aus Ver-
schlaufungs- und lokalem Orientierungsverhalten mit dem sich einstellenden Kris-
tallisationsgrad in Verbindung gesetzt.

Im sich anschliekenden Kapitel 5 werden die Untersuchungen aus Kapitel 4 auf
langerer Zeitskala fortgefiihrt. Die uni- bzw. biaxial verstreckten Systeme werden
iiber einen Zeitraum von bis zu 200 ns beobachtet. Es wird bewertet, wie die im vor-
herigen Kapitel ermittelten Effekte das weitere Orientierungs-, Relaxations- und
Kristallisationsverhalten beeinflussen. Besonderheiten, die ausschlieflich in equi-
biaxial verstreckten Systemen auftreten, werden herausgestellt. Dariiber hinaus wird
die signifikante Wechselwirkung aus Kiihlzeit und mechanischen Randbedingungen
beim Abkiihlvorgang diskutiert.

In Kapitel 6 werden die in dieser Arbeit erzielten Resultate einer kritischen
Bewertung unterzogen. Es wird zunéchst die Anpassung der Equilibrierungsmetho-
de fiir den Anwendungsfall in dieser Arbeit evaluiert. Die Darstellung ergénzen-
der Resultate stiitzt das gewéhlte Vorgehen. Anschlieffend werden die berechneten
mechanischen und thermischen Kennwerte in einen vergleichenden Gesamtkontext
mit experimentellen Werten gestellt. Hierbei wird deutlich herausgearbeitet, wel-
che Kennwerte mit dem hier verwendeten Modell in guter Ubereinstimmung mit

dem Experiment ermittelbar sind. Genauso wird begriindet, welche Grenzen bei der
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1.5 Aufbau der Arbeit

Kennwertermittlung gesetzt sind. Schlussendlich wird die Bildung von Mikrostruk-
turen sowohl unter dem Einfluss von uni- als auch biaxialen Verstreckprozessen
betrachtet. Dargestellt werden die signifikant vom Verstreckgrad abhéngigen Aus-
wirkungen auf die Polymersysteme. Es wird diskutiert, wie die einzelnen Resultate
mit Blick auf die Nachbildung der Bedingungen beim Extrusionsblasformen zu be-
werten sind.

Kapitel 7 fasst wesentlich Ergebnisse zusammen und gibt einen Ausblick auf

zukiinftige Forschungsfragen.
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2 Publikation 1

Diese Publikation befasst sich mit der grundsétzlichen Wahl eines geeigneten ver-
groberten Kraftfeldes fiir Polyethylen, das zudem moglichst einfach formalisiert sein
soll. Es wird aus der Literatur ein Kraftfeld ausgewahlt, auf dessen Basis Polyethylen
unterschiedlich stark vergrébert wird (2, 3 bzw. 4 CH,, Einheiten je Superatom). We-
sentlicher Schritt ist die exakte Equilibrierung der auf Grundlage dieses Kraftfeldes
erzeugten Polymersysteme. Der Erfolg des Vorgehens wird anhand verschiedener
mikroskopischer Grofen tiberpriift. Zweiter Schwerpunkt ist die Bestimmung von
thermischen und mechanischen Kennwerten, wie sie in der Ingenieursanwendung
benotigt werden. Zur Ermittlung mechanischer Kennwerte wird ein Algorithmus
entwickelt, der es ermdglicht, Zugversuche auf Mikroebene durchzufithren. Uber den
Vergleich mit experimentell ermittelten Kennwerten wird die Qualitat der unter-

schiedlich vergroberten Kraftfelder beurteilt.

Dieser Abschnitt basiert auf der folgenden Veroffentlichung, welche durch mei-
nen Doktorvater mitverfasst wurde. Die bibliografischen Details einschlieklich aller

Autoren sind:

D. Grommes, D. Reith. ,Determination of Relevant Mechanical Properties for the
Production Process of Polyethylene by Using Mesoscale Molecular Simulation Tech-
niques®. In: Soft Materials 18 (2020), S. 242-261.

Mein Beitrag zu diesem Artikel beinhaltet die Konzeptionierung und Durchfiih-
rung der Simulationen. Die Methodenentwicklung zur Abbildung der Zugversuche
auf Mikroebene erfolgte vollstindig eigenstédndig. Selbststdndig durchgefiihrt wur-
den des Weiteren die Literaturrecherche, Auswertung und Diskussion der Ergebnis-
se, Erstellung des Manuskripts sowie der Tabellen und Abbildungen. Eine vollstan-
dige Kopie des Fachartikels ist diesem Kapitel beigefiigt. Der Eigenanteil betragt
ca. 95%.

Der Abdruck des Artikels erfolgt unter folgendem Urheberrecht:

(© copyright 2020, reprinted by permission of Informa UK Limited, trading as
Taylor & Taylor & Francis Group, http://www.tandfonline.com
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ABSTRACT

In this study, we determine the strain rate and temperature-dependent mechanical material
behavior as well as the glass transition temperature and coefficient of thermal expansion of
polyethylene melts using molecular dynamics simulation. In order to achieve realistic chain
lengths polyethylene was simulated by three different coarse-grained models of various bead
sizes. All simulations are performed by using the simulation package ESPResSo++, which we
extended with a regulation procedure for the simulation of tensile tests on the micro-scale. The
process-relevant observables, such as the elastic modulus, yield stress, and Poisson’s ratio are
investigated at the meso-level. The chain orientation and entanglement behavior show effects
that precisely illuminate the experimental stress strain response, giving important hints for
production process control. Summarized, we are able to successfully reproduce the characteristic
stress strain response for polyethylene as observed in experiments. Thus, we establish a closer link
between microscopic and macroscopic system descriptions in order to provide a deeper under-
standing of material properties in their production process, i.e. for changing external conditions.
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Introduction

Polymers play an important role in industrial and consumer
related applications. Low material costs, easy to process, and
good performance characteristics give polymers an advan-
tage to other groups of materials such as metals or ceramics.
For this reason components made of polymers are, con-
sciously or unconsciously, part of everyone’s daily life.

The mechanical and thermal behavior of polymers is
highly complex. Their individual component design is
a difficult procedure and in many cases characterized by
strong compromises due to their distinctive time, tem-
perature, and load-dependent behavior. For the develop-
ment of an optimized product at minimum material
usage, the use of computer-aided engineering (CAE) has
become increasingly important over the past several years.
Simulation-based product tests using the method of finite
elements (FE) are already state of the art. Several proper-
ties of the final part such as the deformation behavior are
predictable." ™ Nevertheless, the simulation results
strongly depend on the input data for the analysis
procedure.! Most clearly the material description, con-
sisting of the choice of the material model and the related
material properties, influences the results. In many cases

the specific material properties, which are generally deter-
mined by experiments, are not available. Furthermore
performing the experiments needed is associated with
high costs, especially if different types of experiments are
necessary to fully characterize the material behavior."!

An alternative way to overcome that limitation is the use
of molecular dynamics (MD) simulation methods.'*” By
modeling a specific polymer on the micro-scale the user is
free to perform nearly any testing procedure under com-
pletely different conditions (temperature, loading etc.)./”!
Output from these simulations are the material parameters
needed for the simulations on the macroscopic scale. The
use of molecular dynamics simulations for the determina-
tion of material properties and transfer of the results to the
finite element analysis leads to a multiscale approach and
a closed simulation loop.!"”!

Most crucial material properties for a prediction of
the component behavior of plastic parts are e.g. the
elastic modulus, Poisson’s ratio, and yield stress. In
practice all of these parameters are determined by per-
forming tensile tests. In this work, we therefore model
tensile tests on the microscopic scale. Concerning
which material to investigate the choice was made for
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polyethylene (PE) as it is widely spread in industrial
and consumer application. Because of its simple struc-
ture it can be easily modeled on the microscopic scale.

In the past, some MD studies have been performed to
investigate the mechanical behavior of amorphous polyethy-
lene under uniaxial tension. Hossain et al.”®! studied the
general stress strain response of different polyethylene sys-
tems consisting of 20,000-200,000 united atoms (UA) at
different strain rates (10%-10" s™!) and temperatures. On
this basis, Tschopp et al.'! evaluated the influence of dif-
ferent ensembles. They show that the choice of a specific
ensemble leads to different stress conditions (uniaxial, triax-
ial) and therefore to significantly different stress strain beha-
vior. Note, that the stated strain rates in simulations do not
represent the most typical experimental setups. Slow quasi-
static experiments according to standard DIN EN ISO 527
are typically in the range between 10~* and 10" s™", whereas
higher strain rates belong to the dynamic (<10* s™") and
impact regimes (>10* s*).!"?) Sahuptra and Echtermeyer!"”!
investigated the elastic modulus and Poisson’s ratio at dif-
ferent temperatures and strain rates (10°-10"" s™). They did
not focus on the plastic behavior as their UA systems show
significantly inconsistent behavior at higher strains. Vu-Bac
et al." investigated not only the mechanical behavior at
constant strain rate (10'° s7%) but also the glass transition
temperature for a polyethylene UA system. In contrast to
other studies they perform the tensile test in an alternating
fashion by pulling and relaxing steps. Yashiro et al." stu-
died a UA polyethylene system which does not use periodic
boundary conditions (PBCs). Instead, they create a system
that resembles a standard (macroscopic) test specimen. Due
to the omission of PBCs their system size must be very large:
They use a polydisperse system (chain length 500-1500)
with two million united atoms in total, which is tested at
a strain rate of 5 - 10" s7".

On the mesoscale, Zhao et a investigated coarse-
grained polyethylene system, where three monomers are
mapped into one bead. Under variation of the chain
length (6-900) at constant system size (90,000 beads)
they investigate several thermo-mechanical properties at
high-strain rates from 10'® s™' to 10'' s only. Lavine
et al.!"”! perform tensile tests with systems of polyethylene
(chain length 25-400 united atoms). They focus on the
orientation behavior of single chains under tension.

More recently, studies on semi-crystalline UA polyethy-
lene systems have been published.!'®??) Generally the
focus of these studies is on the complex interplay of amor-
phous and crystalline regions under mechanical loading.
The influences of the crystalline orientation and structure
of the transition region on the systems’ mechanical reac-
tion is evaluated. The consideration of crystalline regions
and effects of bimodal melts lead to a different stress—strain
reaction compared to large purely amorphous systems.

1.[16]
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It is clear from this overview that tensile tests by the use
of molecular dynamics methods are state of the art.
Nevertheless, one major drawback in the past was that
all simulations have been performed at extremely high
strain rates (10'-10"" s7'). In this study our goal is to
perform tensile tests by a consistent use of coarse-graining
(CG) in order to get more close to the macroscopic con-
ditions. We use a slowest strain rate of 10° s™". As men-
tioned above, this strain rate is still at the upper limit of
experimental measurements.

We also present a thorough study of the influence of
the level of coarse-graining. Therefore we use force
fields that map two, three, or four monomers into one
bead. With this approach, we are able to study the
effects of chain length, strain rate, and temperature on
different mechanical as well as thermal properties in
a systematic manner. Our investigated polymer system
sizes range from 100 to 1000 chains at chain lengths
between 20 and 2000 beads. The largest systems include
500,000 particles, which represent up to 2,000,000 CH,,
units.

All simulations are conducted by the use of the simula-
tion package ESPResSo++ (Extensible Simulation Package
for Research on Soft matter systems).*” ESPResSo++ is
a free, open-source, parallelized, object-oriented simulation
package designed to perform many-particle simulations,
principally molecular dynamics and Monte Carlo, of con-
densed soft matter systems. Because of its basic structure it
is a very flexible and easy extensible package. Especially in
case of coarse-grained models ESPResSo++ delivers a wide
range of applicable methods. A general overview of the
procedure of coarse-graining and its advantages are given
in (24261

In order to avoid negative effects of insufficient equi-
libration procedures we particularly pay attention on the
set-up of large polymer systems. Establishing well-
equilibrated polymer systems is a complex task as due
to the long relaxation time of entangled polymer chains
a brute-force set-up of polymer systems is not feasible
within a reasonable real-time.””) We here follow and
adopt the equilibration procedure developed by Auhl
et al.”®! which has been enhanced by Moreira et al.l*”)

Simulation Methodology
Force Fields

The focus of our study is not the development of a new
coarse-grained force field for polyethylene. Instead we
adopt the interatomic force field from the work of
Eichenberger!®”), which perfectly suits our demands:
Eichenberger systematically coarse-grains alkanes ran-
ging from propane to eicosane. Two, three, or four CH,,
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units are mapped into one bead. This procedure results
in three different force fields at three different levels of
CG. Therefore these differently coarse descriptions are
a good starting point for the tensile tests itself as well as
the investigation of the influence of different degrees of
CG on the results.

All CG force fields have only four “classic” contri-
buting terms: bond stretching, bond angle, dihedral
rotation, and van der Waals non-bonded interactions,
based on the following potentials (Eq. (1-4)):

Buna(r) = 3 Ko (7 — 72)’ 1)
Eunge(6) = 5 Ko(cos(6) — cos(8) ()
Euneara(#) = K, (1 — cos(mg)) ()
T [ "

The total force field energy can be expressed as sum of the
single potential functions. The analytic functional form
makes the potentials easy to implement in our models.
The bonded interaction parameters for the CG polyethy-
lene description are presented in Table 1. Note that these
values do not depend on the particle position in the chain.
For the CG2 force field the value for the bond angle
constant Ky is less than half of the corresponding value
for the CG3 and CG4 force field. This is not intuitive as
potentials usually become softer with increasing coarsen-
ing. Also our results revealed that Ky = 23.3 kJ/mol is
significantly too low for a good representation of the
glass transition temperature (cf. section “glass transition
temperature”) as well as an accurate stress strain response
(cf. section “dependencies on the coarse-graining level”).
For this reason we additionally introduce the modified
force field CG2*. By varying the force constant Ky we
identified a value of 65.0 k]/mol that reproduces density
and glass transition very close to experimental results.
Other force field parameters remain unchanged.

The Lennard Jones (L]) parameters in 291 are opti-
mized to have good agreement with experimental

Table 2. Lennard-Jones interaction parameters for the different
levels of coarse-graining depending on the particle position. All
values are taken from . The non-bonded parameters for the
CG2 force field also apply to the modified CG2* force field.

o 3 014 €14
Bead type  Position  [nm] [kJ mol™] [nm] [kJ mol™]
CG2mig middle 0.441 1.172 0.399 1.172
CG2ung end 0436 1,566 0375 1.565
CG3mg middle  0.457 2214 0.401 2213
CG3ang end 0.468 2415 0.421 2415
CG4mig middle 0.474 3.345 0.426 3.345
CGhong end 0.500 3246 0.451 3246

density and heat of vaporization. For more accuracy,
especially in case of larger bead sizes, *°! defines the LJ
parameters depending on the particle position (end or
middle position in the chain). Therefore six types of
CG beads (CGZmid, CG2end, CG3mida CG3end> CG4mid)
CG4.nq) are defined. The first- and second-neighbor
beads are excluded from the non-bonded interactions.
Additionally there is a third-neighbor L] interaction
according to Eq.(4) with different parameters. The cut-
off distance r. is taken as 2.5 times the value of ¢ of the
corresponding model middle bead. All non-bonded
parameters are summarized in Table 2.

Equilibration of Polymer Melts and Cooling

Special attention is paid to the proper equilibration of
polymer melts as this is a highly non-trivial task. We
apply the equilibration procedure from Moreira et al.”*”
and Auhl et al.?®! The general equilibration procedure is
divided into four main steps. The first step is the place-
ment of chains in a simulation box at a temperature of
500 K (melt state) and at a corresponding density of 0.75 g/
cm’, The initial melt configuration is prepared by ran-
domly placing the chains in a periodic box. A non-reversal
random walk (NRRW) is used. It is essential that the
placement of chains in the box creates a system with
correct characteristic internal distances of the chains.
The correct characteristics are evaluated by the mean-
square internal distances (MSID), which are defined as
R*(n) = R*(]i — j|, N) averaged over all segments of size
n = |i —j| along the chains, with i<j € [1,N], where

Table 1. Bonded force-field parameters for polyethylene at different levels of coarse-graining. All values are

taken from %, In case of the CG2* force field we modified the value of Ky to 65.0 kJ/mol.
Bond length Bond angle Dihedral angle
bo Ky 6o Ko m Ko

Bead type [nm] [kJ mol™ nm™] [degree] [kJ mol™] [ [kJ mol™]
CG2 0.245 96655 150.1 233 1 0.68
CG2* (mod.) 0.245 96655 150.1 65.0 1 0.68
CG3 0.353 19730 146.4 56.6 1 0.74
CG4 0.457 6924 143.8 48.1 1 1.20




iand j are monomer indices and N the number of beads in
the chain.

Moreira et al. use master curves from previously
conducted long equilibration runs to evaluate the cor-
rect placement of the chains. Due to the high computa-
tional costs the establishment of such master curves in
our case is not feasible. Instead we equilibrate a system
consisting of 1000 chains with 100 beads in the way
presented above, assuming an initial course of the
internal distances according to the freely rotation
chain model (FRC). The chain length of 100 beads is
considered to be short enough to achieve a quick
relaxation of the polymer system. On the other hand
it is long enough to give an estimate of the character-
istic course of the mean-square internal distances with
respect to the plateau regime. From that curve we
deduce a master curve for the initial setup of systems
with longer chain length and sufficiently accurate initial
characteristic internal distances.

By creating the chains as a NRRW, the system suffers
from high local density fluctuations. Due to these, the
use of a pre-packing stage that significantly reduces these
fluctuations is necessary. To do so, we use the algorithm
developed in?®!. A zero temperature Monte Carlo (MC)
algorithm decreases the density fluctuation by perform-
ing trial moves of entire chains as rigid body. Depending
on the system size we perform 50,000-150,000 MC move
trials. In order to measure the benefit of the pre-packing
procedure, the static structure factor is used because it
displays density fluctuations on all length scales. For
systems with chain length M and number of chains N,
it is defined according to

NM NM

S@) = e ()
k=11=1

Here, q is the scattering wave vector, ry and r; are the

coordinates of the particles k and I, respectively, and

< e M%) > s the ensemble average.

At the end of the pre-packing stage, strong overlaps
between particles, which result in non-physically high
repulsive forces, may still exist. In order to avoid dis-
turbing effects we introduce a force-capped version of
the actual full non-bonded LJ potential as proposed by
Auhl et al. The capping takes place at a critical particle
distance cutoff 7. Below that value the L] potential is
regarded as being constant, at larger particle distances
the LJ potential has its usual description. During the
warm-up phase we use full bonded potentials and the
force capped version of the L] potential. Starting with
e = 21/50 we linearly increase the cutoff radius to 0.8¢

over 6,500,000 time steps at a very low time step At =0.2 fs.
A Langevin thermostat (coupling constant 0.5 ps™')
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isused to keep the system’s temperature at 500 K.
Here we omit the regulation procedure from Moreira
et al.””) During the soft introduction of the LJ interac-
tion by linearly increasing r{ they additionally regulate

the cutoff distance r{" for the next-nearest neighbor L]

interaction. Depending on the deviation of the current
MSID from the MSID of the master curve the cutoff 7"

is either reduced or increased to keep the chain struc-
ture as close as possible to the ideal slope. As the force
field from Eichenberger excludes the nearest-neighbor
L] interaction this procedure in our case cannot be
applied.

Finally we perform a relaxation with full potentials
and At = 2 fs. First we simulate 100,000 time steps in
the canonical (NVT) ensemble. Then we perform addi-
tional 2,000,000 time steps including a Berendsen type
barostat to introduce the desired ambient pressure of 1
bar in the system. As the overall equilibration proce-
dure is computationally very demanding, we fully
equilibrate only one system per size and level of coarse-
graining. However, to ensure better statistical analysis,
we create different starting points by applying an arti-
ficial approach to reach another area of the phase
space: We heat the systems to 800 K within 0.6 ns,
run for 3.75 ns, cool for 0.6 ns, and finally relax and
equilibrate the modified systems for 3.75 ns. As we
determined that also shortened simulation procedures
(0.3 ns heating, 0.75 ns relaxation, 0.3 ns cooling, 0.75
ns relaxation and equilibration) deliver sufficiently
different starting points within the phase space, we
used this faster procedure for the creation of different
starting points. In total we created seven different
systems per size and level of coarse-graining for the
evaluation of statistical errors.

As we are going to perform tensile tests at different
temperatures in the solid state, a further task is the
cooling of the different polymer systems. From this
stage on we use a Berendsen barostat in combination
with a Berendsen thermostat. In our case we start with
the equilibrated systems at 500 K and linearly reduce
the temperature by 1 K/ps until the desired temperature
is reached (time step At = 2 fs). The cooling procedure
is followed by an additional relaxation for 200,000 time
steps. In case of the determination of the glass transi-
tion temperature and thermal expansion coefficient we
choose a different cooling rate of 0.2 K/ps for more
accuracy.

Tensile Test Procedure

By default ESPResSo++ is not able to perform tensile
tests as there is no option to vary (stretch) the simulation
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box as it is needed to reproduce uniaxial tensile stress.
An alternative way to solve this problem is to reverse
cause and effect: Instead of deforming the box directly
and measuring the stress (pressure) response of the
system, we introduce uniaxial stress in the way that the
box deforms at constant traverse speed over time.
Therefore we created a new regulation procedure
which uses the anisotropic Berendsen barostat that is
available by default in ESPResSo++. The simulation
box scaling factors y of the Berendsen barostat in
ESPResSo++ are modeled according to Eq.(6) for every
direction of space.*’!

At po—p

p=1-—
Tberendsen 3

(6)

We do not modify the original Berendsen barostat’s
description. Instead we use a Python script which
controls the barostat’s external pressure p, in tensile
direction by a regulation procedure. This approach is
favorable as ESPResSo++ simulations are generally
controlled by Python scripts. The regulation proce-
dure itself is straightforward: A proportional regulator
with proportional constant Pyeguiator is used to control
the pressure in tensile direction throughout the whole
simulation. By continuously regulating the pressure
the system is unixally stretched so that the loading
equals a direct deformation of the box dimensions.
In the transverse directions the barostat is used to
set the pressure to ambient conditions which is 1
bar. This enables the system to undergo lateral con-
traction while stretching.

During the first couple of strain increments it is
necessary to set the proportional constant of the reg-
ulator to a significantly higher value than for the rest
of the simulation. This is needed for a precise repro-
duction of the initially very low strains at the begin-
ning of the tensile test. We express the increased level
of the proportional constant by multiplying Peguiator
by a factor my. To avoid jumps when switching the
regulator from the initially increased to the final value,
we linearly reduce m, over a certain number of strain
increments # to 1. The choice of # is up to the user.
The basic form of the regulator is described by Eq.(7)
and Eq.(8). For a strain increment i the pressure p, is
set to the pressure in tensile direction piensilenext that
is needed to achieve the desired strain egrger. The
variables piensite.current @Nd  Ecyrrent describe current
values of pressure and strain.

Po = ptensile,next = ptensile,current - (etarget - chrrent)

: (m(l) : Pregulator) (7)

where

i<n
1 i>n @®

Additionally the pressure py at the very beginning of
the tensile test has to be set to a reasonable starting
value piniial. This is required to make sure that the
regulation and consequently the initial level of strain
both start on an appropriate level.

A major drawback of this procedure is that the user
has to evaluate four independent parameters (Pinitial
Pregulators Mo, 1) to conduct a single tensile test simula-
tion in the way used here. These parameters have to be
evaluated for each system at every testing temperature
and at every strain rate. The accuracy of the regulation
procedure with respect to a constantly increasing defor-
mation of the simulation box significantly depends on
the choice of these parameters. Therefore choosing the
parameters needs to be done very carefully.

It is clear that our procedure cannot reproduce the
box deformations as perfect as a direct deformation
would be able to. Nevertheless, our results show that
it is possible to keep the deviations of strains from the
ideal values very low. Only in the very beginning of the
simulations, when extremely low strains (&qu. < 0.005)
at low strain rates (10° s7', 107 s7!) are introduced,
some systems show significant deviations from the
requested strain value. These deviations very rapidly
vanish with increasing strain: When the level of strain
passes a value of 0.005 all simulations show minor
deviations in the order of +5%. Most simulations, espe-
cially with system sizes >100,000 beads, show devia-
tions of less than 5% ab initio with further decreasing
error at increasing strain.

Additional investigations of the Berendsen barostat
coupling constant Tperendsen Show some influence on
the results. We set Tyerendsen t0 1000 ps as this value is
large enough to not negatively influence the system by
overregulation. However the choice of the coupling con-
stant affects only the lateral directions of our systems. In
tensile direction the barostat’s behavior is generally over-
ridden by our regulation procedure. Results (cf. Fig. 5)
show that the choice of the Berendsen barostat coupling
constant in connection with our regulation procedure is
suitable. To keep the results with focus on the general
stress strain behavior comparable, we use Tyerendsen
= 1000 ps for all simulations.

For the determination of the Poisson’s ratio we had
to modify the coupling constant. We observed that
a value of 1000 ps is not in all cases suitable to obtain
physically meaningful results concerning the Poisson’s
ratio. In case of strain rates 10° s™' and 10° s the time



frame of the virtual experiment is so small that the low
choice of the coupling constant underestimates the
lateral contraction. Therefore for the determination of
the Poisson’s ratio we set the Berendsen coupling con-
stant to 100 ps for strain rate 10° s™' and to 10 ps for
strain rate 10° s™', respectively. For lower strain rates
we leave Tyerendsen Unchanged.

Investigated Thermo-mechanical Properties

We investigate seven different system sizes with various
number of chains M and chain length N (M x N:
1000 x 20, 100 x 100, 1000 x 100, 100 x 500,
1000 x 500, 500 x 1000, 250 x 2000) at three different
levels of coarse-graining (CG2, CG3, CG4).

On the thermal side we evaluate the glass transition
temperature as well as the coefficient of thermal expan-
sion. Concerning the mechanical properties we concen-
trate on the stress strain reaction and evaluate parameters
such as the elastic modulus, stress at yield, stress at true
strain &, = 1.0 and the Poisson’s ratio. We simulate the
tensile behavior at four different initial strain rates
(105, 107, 108, 10° s71). Especially the lowest strain rate,
which is computationally most demanding, is of high
interest as it is as close as possible to real life conditions.
Additionally, all mechanical properties are evaluated at
three different temperatures (233.15, 293.15, 353.15 K).
The choice for these close values has been made due to the
fact that these temperatures cover the typical range in real
life application for polyethylene.

Results
Equilibration

For the evaluation of the success of the equilibration
procedure we consider the mean-square internal
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distances and additionally the static structure factor.
These values have been determined after the full equili-
bration procedure according to section “equilibration
of polymer melts and cooling” has been performed. In
this subsection we concentrate on the largest systems as
they are of highest interest and most challenging to
equilibrate. The results hold for smaller systems analo-
gously. Following Figure 1 gives an overview about the
mean-square internal distances of different coarse-
grained systems at CG3 and CG4.

From the figures it is clear that the systems are well
but not perfectly equilibrated. Starting with very accu-
rate behavior at small particle distances all systems
show characteristic asymptotic behavior and reach
the expected plateau region. On the intermediate and
larger distances we obtain slight fluctuations.
Especially the 1000 x 100 system at CG4 gives rise to
assume that the internal distances of the larger sys-
tems slightly tend toward smaller values of R*(n)/n at
larger distances, if the systems would have additional
time to relax. As our equilibration procedure is
already very time-consuming, we accepted the results
shown in Figure 1.

Additionally, we investigate the static structure
factor. The results are plotted in Figure 2.

The course of the static structure factor shows very
smooth and coinciding behavior for all systems.
Especially in the limit of low wave numbers ¢ — 0
the low values of S(g) indicate well equilibrated systems
without density fluctuations on all length scales. Taking
this result and the observations concerning the internal
distances into account, we conclude that the equilibra-
tion procedure as used here is suitable to transfer the
initial polymer systems to a physically well-defined
state that allows for the execution of further experi-
ments. This statement is also valid for the CG2 systems.
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Figure 1. Mean-square internal distances for two levels of coarse-graining (CG3 on the left, CG4 on the right), for different system
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Figure 2. Static structure factor for two levels of coarse-graining (CG3 on the left, CG4 on the right), for different system sizes M x N.

Thermal Properties

Glass Transition Temperature

One important characteristic of polymeric materials is
the glass transition temperature Ty, which delimits the
glassy regime from the rubbery one. For the determina-
tion of T, we cool our systems from 500 to 50 K at
a cooling rate of 0.2 K/ps. Note, that this cooling rate is
not directly comparable with experimental cooling rates
which usually range up to several 100 K/s.*° Under
laboratory conditions, fast scanning calorimetry (FSC)

can reach several thousand K/s. *'! The glass tran-
sition temperature was determined from the change
of the slope of density plotted over the temperature
as shown in Figure 3.

For a detailed discussion Table 3 summarizes the
results for selected systems. As the results in Table 3
show only minor fluctuations, we conclude that our
results for the glass transition temperature are valid. The
observed change in the glass transition temperature
depending on the chain length is small. Except for the
CGS3 force field there is a slight tendency for a decrease of
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Figure 3. Density as a function of temperature averaged over all systems consisting of 500 chains with 1000 beads each at CG3.
Error bars are printed every 10 K. The grey dotted lines serve as an example for the determination of the glass transition temperature
from the change of the slope. At the intersection of the two linear lines fitted to the two regimes we determine the glass transition
temperature. For the illustrated system size we identify the glass transition temperature at 209 K.



Table 3. Glass transition temperature [K] for different system
sizes M x N at coarse-graining levels CG2, CG2*, CG3 and CG4.
The experimental value for amorphous, polydisperse polyethy-
lene is 195 + 10 K.??

CG level 1000 x 100 1000 x 500 500 x 1000 250 x 2000
CG2 133+4 120+ 6 121+ 4 1M5+2
cG2* 207 £ 9 206 + 5 207 + 4 201 +5
CG3 209 + 2 213+ 3 209 3 210+ 3
CG4 235+ 3 234 + 2 232 +1 230 + 1

T, with increasing chain length. Also the differently
coarse-grained force fields have an influence on the
results. The stronger coarse-grained systems show
a significant increase of the glass transition temperature.
Compared to results from experiments our calculated
results at CG3 and CG4 are close to very close.*?! Also
the results from our modified CG2* force field are very
close to experimental results. Boyer et al.*?! specifies an
experimentally determined value for purely amorphous
polyethylene at 195 + 10 K. Calculated values from other
groups using molecular dynamics are in the region of
250-300 K.[%*13 Only Yang et al.**! report a lower
value of 200 K by evaluating different physical properties
that allow for the determination of the glass transition
temperature.

Coefficient of Thermal Expansion

By performing additional cooling simulations at
a cooling rate of 0.2 K/ps we evaluate the linear coeffi-
cient of thermal expansion (CTE) in the region between
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333.15 K and 273.15 K (60 to 0°C). In detail we deter-
mine the CTE from the slope of the thermally induced
strain in the simulation box plotted over the tempera-
ture as shown in Figure 4 for two examples. Table 4
gives a summary over the values for different systems.

The effects of the influence of chain length as well as
the choice of the level of coarse-graining are very simi-
lar to those observed for T,. An increasing chain length
results in a slightly decreasing coefficient of thermal
expansion. The results indicate that above a chain
length of 2000 beads one may expect only a slight
further decrease of the thermal expansion coefficient.
A comparison with experimental results gives good
agreement. Chen et al.*’! as well as White and
Choy®*! mention a CTE of 3.0 - 10™* K" for amor-
phous polyethylene. Zehtabeyazdi et al.*” note values
ranging from 0.5 - 107* to 1.85 - 107* K" for semi-
crystalline polyethylene.

Comparing the slope of the CTE and the glass
transition temperature it is obvious that the CTE
decreases with the level of coarse-graining whereas
the glass transition temperature increases. As the sys-
tems’ dynamics are generally influenced by the level of
coarse-graining (cf. Dependencies on the coarse-
graining level) a deeper investigation of the shift in
time as well as the influence of the single force field
parameters is necessary to unveil exact dependencies.
Note, that with only three data points (= models), it
cannot be ruled out that this is a random effect. As we
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Figure 4. True strain plotted over temperature in the range between 333.15 K and 273.15 K (60 to 0°C) for two systems with 500
chains and chain length 1000 at CG3 (black squares) and CG4 (blue circles) The fitted linear lines are used for the determination
of the linear coefficient of thermal expansion. From the slope results for the CG3 system 2.030 - 107* K" and for the CG4

system 1.827-107* K\,
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Table 4. Linear coefficients of thermal expansion [10™* K™'] determined in the range from 333.15 to 273.15 K
(60°C to 0°C) for different system sizes M x N at coarse-graining levels CG2, CG2*, CG3, and CG4. The
experimental value for amorphous, polydisperse polyethylene is 3.0 - 107 K™ '®>3¢! and 0.5 - 107 to

1.85 - 107* K" for semi-crystalline polyethylene.*”"

CG level 1000 x 100 1000 x 500 500 x 1000 250 x 2000

CG2 2.089 + 0.030 2.025 + 0.008 2.008 + 0.007 2.000 + 0.004
CG2* 2.142 + 0.028 2.091 + 0.023 2.073 + 0.021 2.051 £ 0.013
CG3 2.081 + 0.016 2,048 + 0.012 2.030 £ 0.017 2.015 £ 0.013
CG4 1.860 + 0.026 1.829 £ 0.010 1.823 + 0.005 1.811 £ 0.012

mainly focus on the mechanical properties we omit
further investigations.

Mechanical Properties

General Remarks and Observations

Because we obtained qualitatively similar results, we focus
in the following only on the results determined at the
middle level of coarse-graining (CG3). A detailed view
into the influence of the level of coarse-graining itself is
presented in section “dependencies on the coarse-graining
level”. In general our models cover the typical regimes of
a stress-strain curve of polyethylene. Starting with linear
elastic behavior the curve progression quickly reaches its
first maximum that is defined as the yield stress at yield
strain. That point is followed by a strain softening regime,
where the stress decreases. Finally strain hardening due to
strong orientations of chains occurs. These four regimes are
represented in Figure 5, where the true stress oy, is plotted
over the true strain &, for a system with 500 chains at

chain length 1000 at CG3. Our results resemble those
investigated by molecular dynamics simulation in ['4**],

Dependencies on the Chain Length and the Number
of Chains

We discuss the influence of the chain length at the
example of different systems at CG3. From Figure 6
(left side) it is clear that especially the shortest investi-
gated system with a chain length of 20 beads does not
show polymer like behavior. After reaching a clear yield
the stress decreases strongly. This is due to the fact that
the very short chains disentangle rapidly, if any entan-
glements existed, so that they can be easily detached
from another. At a chain length of 100 beads the stress
strain curve shows more polymer like behavior due to
more entanglements. At chain length of 500 and above
only minor changes concerning the stress strain behavior
occur. Even the yield peak for these longer chains is very
similar. Interestingly, the linear elastic regime does not
show strong dependencies on the chain length. As
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Figure 5. Stress strain curve for a system with 500 chains and chain length 1000 at CG3. The system has been uniaxially deformed at

an initial strain rate of 108 s and a temperature of 293.15 K.
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Figure 6. Left: Stress strain curves for systems at different chain length at CG3. Right: Stress strain curves for two systems at constant
chain length but different system sizes at CG3. The systems have been uniaxially deformed at an initial strain rate of 108 s and a

temperature of 293.15 K.

already determined in ®! the characteristics of the elastic
regime is dominated by the non-bonded interactions.
From the curves on the right side of Figure 6 we interpret
the influence of number of chains on the results. For systems
with chain length 1000 there is nearly no influence on the
results. The differences observed are within statistical toler-
ance. The total size of both systems (500 x 1000, 100 x 1000)
is large enough to give accurate response and scatter free
results. For the systems with shorter chain length of only 100
beads there is also no clear effect on the results. Only

statistical noise is increasing significantly for the small sys-
tem with 100 chains at chain length 100.

It should be noted that the results in Figure 6
have been determined at a high strain rate of
10® s™'. At that strain rate the general signal (stress)
to noise ratio is strong, so that even with very small
systems reasonable results are calculated. At a very
low strain rate of 10° s' only very large systems
with at least 100,000 particles are suitable to repro-
duce a clear system response as noise has a rapidly
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Figure 7. Stress strain curve at different temperatures for a system with 500 chains and chain length 1000 at CG3. All system has
been uniaxially deformed at an initial strain rate of 108 5™,
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increasing influence on the quality of the results at
lower strain rates.

Dependencies on the Temperature

The influence of the temperature on the stress-strain
behavior of polyethylene is shown in Figure 7. The
curves at the investigated temperatures show a nearly
linear shift along the y-axis. Clearly a change of the
temperature toward lower values results in stiffer mate-
rial behavior, which is well known from experiments.
The curves also indicate that there is a slight tendency
that the strain softening regime after the yield point is
less pronounced with increasing temperature. Similar
observations have been reported by Hossain et al.’®! as
well as Vu-Bac et al.l' For observing more drastic
changes of the stress-strain response the temperature
range that we use is significantly too narrow.

Dependencies on the Strain Rate

The dependence of the mechanical behavior on the strain
rate is represented by Figure 8. For a classification of the
results mind that experimental strain rates are typically in
a lower range between 10™* s™' and 10* s (quasi-static
and dynamic regimes).'?! At a strain rate of 10° s™' the
system shows typical polymer like behavior as discussed
in section “general remarks and observations”. At lower
strain rates the level of stress significantly decreases,
which is the expected behavior. Also it is not possible to
determine a clear yield point from the stress strain curves
at strain rates of 10® s and 107 s™". Instead an early strain
hardening occurs. Interestingly the stresses of the simula-
tions conducted at 10" s and 10® s~ are approaching at
high strains. This effect occurs due to the distinct strain
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softening and therefore significantly delayed beginning of
the strain-hardening at a strain rate of 10°s™".

The results at a very high strain rate of 10° s™* (Fig. 8,
right side) cannot be clearly evaluated. The step in the
level of stress from 10® s™* to 10° s is disproportionately
high compared to the differences between lower strain
rates. It cannot be ruled out that these results are affected
by nonphysical effects due to excessive load or by
unwanted numerical influences. Nevertheless the general
course of the stress strain curve at strain rate 10° s '
appears reasonable.

Dependencies on the Coarse-graining Level

In Figure 9, the findings of the stress—strain response of
polyethylene at different levels of coarse-graining are
shown. The results illustrate that there is a significant
influence of the coarse-graining level. Generally the
course of the stress-strain relation is very similar at
CG3 and CG4. The two models reproduce the different
regimes as discussed in section “general remarks and
observations”. The main difference between the differ-
ent coarsenings affects the strain softening and strain
hardening regimes. Combining more atoms into one
bead results in a less pronounced strain softening
regime. Regarding the strain hardening regime it is
obvious that the coarser model produces stronger and
earlier strain hardening. Here the difference between
the two different coarsenings is within the expected
scope. The use of softer potentials results in less friction
in the system, which leads to faster dynamics (shifted
time scale) and therefore a stronger force reaction of
the system.
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Figure 8. Stress strain curve at different temperatures for a system with 500 chains and chain length 1000 at CG3. All system has

been uniaxially deformed at an initial strain rate of 10% s
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Figure 9. Stress strain curve at different levels of coarse-graining for a system with 500 chains and chain length 1000. The systems
have been uniaxially deformed at a strain rate of 108 s and a temperature of 293.15 K. All systems have been strained up to e =

1.5 to capture the different starting points of the strain hardening.

In case of the CG2 force field results are shifted to
a stronger extent which cannot be explained by a shifting
of the time scale alone. The point, where the strain hard-
ening sets in, is significantly moved toward a higher level
of strain (g > 1.0). This is a result of the soft bond angle
force constant K, in the work of Eichenberger."” A value
of 23.3 kJ/mol is less than half of the value for the CG3
force field (56.6 kJ/mol). Usually potentials are softer at
higher levels of coarse-graining as coarser descriptions
represent the total flexibility of the underlying structure.
The low value of K, in the CG2 force field results in
a narrow average bond angle of 137° at the beginning of
the tensile test. Investigations of the local bond orienta-
tion behavior (cf. section “orientation behavior and
entanglement analysis”) show that due to this narrow
starting angle strong local chain orientations in tensile
direction occur not until a strain of 1.0 is passed.
Therefore also the stiff single bonds within the chain are
significantly loaded only after that level of strain. The
result is the observed delayed occurrence of the strain
hardening.

Our adjusted CG2* force field shows more coincid-
ing behavior with the coarser representations of poly-
ethylene. This observation is in accordance with the
improvements we already observed for the glass transi-
tion temperature (cf. Table 3) and confirms that our
choice of K}, = 65.0 kJ/mol is valid.

Chain-length Dependence

For a deeper insight, we want to stress some aspects of
different characteristic material properties and discuss
their dependence on the chain length. The analyzed
properties are the elastic modulus, yield stress,
Poisson’s ratio, and stress at a strain of 1.0.

For the evaluation of data scattering we perform
tensile tests with every prepared system in all three
directions of space. We are aware that this procedure
does not fully replace the need for more investigations
by the use of systems that have been completely inde-
pendently set up and equilibrated. But as we already
stated, the computational cost of our study is high, so
that we were not able to perform more than one fully
independent equilibration per system size.

Additionally we filter the native stress—strain curves
of our tensile test simulations by a Savitzky-Golay
filter'®® to suppress nonphysical high frequency noise.

From these mildly filtered data sets we determine the
elastic modulus. We define the elastic modulus as the
average slope of the stress-strain curve in the region
between €.y = 0.1% and 0.5%. This is different to the
definition of the elastic modulus according to standard
DIN EN ISO 527-2, which defines the elastic modulus
between &y = 0.05% and 0.25%. We choose this minor
higher and wider definition for statistically more



254 (&) D.GROMMES AND D. REITH

reliable results. Our definition shifts the elastic modulus
to slightly lower values that are still well comparable to
experimental results according to DIN EN ISO 527-2.
The dependency of the elastic modulus on the chain
length is, next to other observables, shown in Figure 10.
The systems are coarse-grained at CG3 and deformed
at a strain rate of 10° s™".

From Figure 10 it is obvious that the elastic modulus is
practically independent from the chain length. This effect
is unexpected. But as the tensile tests are performed at
very high strain rates it is thinkable that in the very
beginning of each simulation, when the elastic modulus
is determined, effects occur on a time scale, where chain
length effects such as the behavior of entanglements are
too slow to play a crucial role. Apart from this the
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dependency of the temperature on the elastic modulus
shows an evenly spaced influence on the elastic modulus.

The evaluation of the yield stress according to Figure 10
gives comparable results. Since not all investigated systems
have a well-defined yield point (first horizontal tangent in
the stress—strain curve), we define for comparison reasons
the yield stress as the maximum appearing stress up to
&rue = 0.3. A clear and expectable effect of the temperature
on the results is obvious from Figure 10. Very short chains
have a significantly lower yield than chains at chain length
100 and higher.

The Poisson’s ratio v is determined by the slope of
the lateral strain of the simulation box under tension
plotted over the strain in tensile direction as exemplary
shown in Figure 11.
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Figure 10. Plot of the elastic modulus, yield stress, Poisson's ratio and stress at &;,. = 1.0 over the chain length at CG3. The systems
have been uniaxially deformed at a strain rate of 10® s and different temperatures. The plotted lines are a guide to the eye only.
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Figure 11. True strain in lateral direction plotted over true strain in tensile direction for a system with 500 chains at chain length
1000 and CG3. The system has been uniaxially deformed at a strain rate of 108 5. The fitted linear line is used for the determination
of the Poisson’s ratio v. For the system shown we determine v = 0.4218.

The results here show a more distinguished depen-
dency on the chain length. Starting with a higher
Poisson’s ratio at low chain length we observe an asymp-
totically decreasing behavior of the Poisson’s ratio with
increasing chain length. Even between chain length 1000
and 2000 there is low but significant difference. The
temperature affects the Poisson’s ratio. At higher tem-
peratures a lower Poisson’s ratio indicates increasing
volume growth due to more flexibility of the chains.

Finally we evaluate the level of stress at g, = 1.0. We
observe increasing stress with increasing chain length
and a clear asymptotic behavior. At all chain lengths
there is a significant temperature dependent behavior
toward higher stress at decreasing temperature.

The results discussed by the examples in Figure 10
are very representative for all systems at other coarse-
graining levels and strain rates. Qualitatively all results
show the same trends, except for the CG2 systems and
a strain rate of 10° s™' as shown in section “dependen-
cies on the coarse-graining level”.

Microscopic Structure

In the following sections we evaluate the polymer sys-
tem behavior under uniaxial tension by the investiga-
tion of different parameters that characterize the
microscopic chain structure. We again focus on CG3
systems as the results at the other CG levels are quali-
tatively very comparable.

Orientation Behavior and Entanglement Analysis

As it is obvious that single chains tend to orient under
tensile load, we want to quantify this behavior both on the
local as well as on the global scale. We define the orienta-
tion factor § according to Eq. 9 as the projection of either
the normalized bond vector #yond/|Pbond| Or analogously
the chain end-to-end vector Fend—to—end/|Pend—to—end| O1
the unit vector €ynsile in pulling direction. The brackets in
Eq. 9 indicate the average over all bond or chain end-to-
end vectors, respectively. In 7! this definition has already
been used for the evaluation of orientations of second
neighbor atoms in polymer chains.

_ 3 |? Etensile| : 1
‘S‘z<( |?| >> :?

Additionally, we evaluate the entanglement behavior of
chains. We therefore use the entanglement factor y
according to Yashiro et al.'®! This factor is a purely
geometric definition of chain entanglements. Yashiro
calculates the angle between two vectors from bead i to
bead i + 10 and bead i to bead i — 10 within a chain. If the
measured angle is lower than 90°, the atoms are consid-
ered as being entangled. This technique is repeated for all
beads in the chain. By normalizing the number of found
entanglements to the total number of atoms one obtains
an estimate of how entangled the chains are.

At first we evaluate the orientation behavior for
different chain lengths. Figure 12 shows the results for
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Figure 12. Orientation factor evaluated for single bonds (left) and for the chain end-to-end vector (right) for different chain lengths
at CG3. The systems have been uniaxially deformed at a strain rate of 10® s and a temperature of 293.15 K.

the orientation of the bond as well as the chain end-to-
end vectors at a strain rate of 10° s™'. According to the
definition of § a value of 0 represents purely isotropic
orientation behavior, whereas a value of 1.0 implies full
orientation in tensile direction.

The figures indicate that up to a strain of 0.5 all
chains orient at the same level. A strain of 0.5 is
approximately the region where the strain hardening
begins. At higher levels of strain shorter chains, espe-
cially those at chain length 20 and 100, orient less than
the longer chains. This result suggests that at higher

levels of strain very short chains are pulled apart as
a whole to a greater extent. From the figures chains at
chain length 500 and above are almost indistinguish-
able. The single bond orientation factor is significantly
lower than the end-to-end factor. This result makes
sense as full local orientation means a complete disso-
lution of entanglements, which is practically impossible
for highly entangled polymer systems.

Observing the entanglement factor, Figure 13 reflects
comparable reactions. At very low chain length of 100
the chains are clearly less entangled than at higher chain
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Figure 13. Entanglement factor according to Yashiro et al. for different chain lengths at CG3. The systems have been uniaxially
deformed at a strain rate of 108 s and a temperature of 293.15 K.



lengths. In contrast to the orientation factor the behavior
of chains at higher chain lengths are better distinguish-
able. The course of the entanglement factor shows
a bilinear behavior. Starting with a short and minor
decreasing regime, the entanglement factor passes over
to a stronger decreasing regime. The transition between
these two regimes is approximately in the range of
0.2-0.3 strain. This is where at the latest softening in
the stress-strain reaction occurs or, depending on the
strain rate, the yield point is passed. Hence we conclude
that the polymer systems’ reactions in the softening
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regime and the occurrence of a distinct yield point are
driven by entanglement effects, whereas strain hardening
effects occur due to orientations of chain segments.
Furthermore we investigate the dependency of the
orientation and entanglement behavior on the strain
rate (Fig. 14). Initially we disregard the results at
a strain rate of 10° s™' as they show different effects
that will be discussed later. Comparing the orientation
effects for local bonds and the global end-to-end vector
we observe very different results. While at high strain
rates there is a tendency for single bonds toward
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Figure 14. Orientation factor evaluated for single bonds (left) and for the chain end-to-end vector (right) for a system with 1000
chains with 500 beads at CG3. The system has been deformed at different strain rates and a temperature of 293.15 K.
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stronger orientation, we observe the opposite effect for
the global end-to-end vector. Here the results indicate
that there is less orientation with increasing strain rate.
It is noteworthy that the end-to-end vector orientation
is going to reach a limit at low strain rates as there is
only minor difference between the 10° s™' and 107 s™*
results. This leads to the conclusion that at these low
strain rates chains have enough time to achieve max-
imal possible orientation on the global range.

Taking the strain rate dependent entanglement
factor into account (Fig. 15), we clearly observe that
entanglements dissolve stronger at lower strain rates.
The dissolution of entanglements is obviously a time-
dependent procedure. At low strain rates chains have
more time to disentangle.

As mentioned at the beginning of this section, the chains
that have been stretched at a strain rate of 10° s™' behave
differently concerning orientation and entanglement
effects. We expected this varying behavior as already the
stress—strain curves in Figure 8 showed significantly differ-
ent behavior at a strain rate of 10 s™" in contrast to other
strain rates. Looking at the micro scale we see that especially
entanglements dissolve very rapidly at a strain rate of
10* s7' (Fig. 15). It appears that this over-proportional
dissolution of entanglements makes the chains partially
slide as a whole. Therefore we also observe a little less
orientation of the bond vectors (Fig. 14, left side). This
effect starts at &4 = 0.2 and has its maximum at &, =
0.55. It leads to the distinct yield point in the stress-strain
curve followed by the strain softening. Later, at &y > 0.55,

orientations of single bonds and the relative number of
entanglements are approaching the range of chains that
have been pulled at 10° s™". This trend toward more pre-
served entanglements and higher level of orientation results
in the strain hardening regime, which we also observed in
Figure 8. This exceptional behavior for chains that have
been pulled at a specific strain rate are also reported in %%,

Radius of Gyration

For the radius of gyration R}, there is only a minor
influence of the strain rate and temperature. Therefore,
we present only results for the influence of the chain
length in detail.

As expected, Figure 16 shows a linearly increasing
trend of the radius of gyration with increasing chain
length for the non-deformed state (gyy = 0). When
deformations of the systems come into play the radius
of gyration for all chain lengths increases rapidly. The
longer the chains the stronger is the increase of the
radius gyration. This is clear as long chains are able to
undergo stronger deformations due to the stretching.

Discussion

Concerning the equilibration procedure, we successfully
adopted an advanced method from literature. In compar-
ison to previous work our equilibration procedure is
shown to be more sophisticated and reliable but also
costlier. For example, Hossain et al.”®! used a brute force
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Figure 16. Radius of gyration <Rgz> for different chain lengths at CG3. The systems have been uniaxially deformed at a strain rate of
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equilibration for only 0.3 ns, while our procedure uses
softly introduced non-bonded potentials and covers
a span of time of 5.5 ns. By the evaluation of different
characteristic ~ observables  (mean-square internal
distances, static structure factor) we are able to make
sure that we start all further investigations with well
equilibrated polymer systems. As our results, especially
for the mean-square internal distances, indicate that our
equilibration procedure gives good but not perfect results,
there is still room for improvement. In the future other
equilibration methods, such as the hierarchical methods
in®**%! could be used for a faster and more precise equili-
bration of our polymer melts.

Although we use simply coarse-grained force fields
for polyethylene, we are able to reproduce thermal
properties closer to experimental results than others.
Only the simulations at CG2 by use of the original
parameter set show larger deviations for the glass
transition temperature. Our adjusted CG2* force
field gives results that are in very good agreement
with experiments.

Concerning the use of ESPResSo++ we successfully
simulate tensile tests on the microscopic scale. By the
use of our self-developed tensile test procedure we are
able to reproduce the stress-strain behavior of
a polymer like polyethylene. In comparison with results
from other groups using MD simulations our results
are in good agreement. Our models reflect significant
effects such as the distinct strain rate dependent beha-
vior of polyethylene. Here again, adjusting the original
CG2 force field to our CG2* set improves the results.

The force fields from'®® are not especially calibrated
for the use in dynamic processes. A development of
a more refined force field and additionally taking poly-
disperse or branched chains into account is planned. As
we also want to bridge the microscopic and the macro-
scopic scale, the direct MD-FE coupling approach accord-
ing to Pfaller et al.™*" is of high interest. A direct coupling
gives new opportunities to study local material reaction
on external loadings.

In terms of comparison to experiments we must point
out that we investigated purely amorphous (instead of
semi-crystalline) polyethylene at still very high strain
rates. Even though our lowest strain rate of 10° s is
significantly lower than the ones used in previous studies,
it is still at the utmost limit of experimentally accessible
conditions. A strain rate of 10° s™" is regarded as “shock”
state and needs highly sophisticated test equipment to
discover.!"?! Therefore we conclude that our results only
give a qualitative estimate of the real stress—strain beha-
vior of polyethylene. However, all numerical values from
our simulations are approximately in the right region.
Therefore, our results still provides valuable insight into
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the microscopic response of amorphous polyethylene
under tensile stress. The investigated orientation and
entanglement behavior on the micro scale allows for an
interpretation of effects that occur during tensile loading.
Especially the interplay of the rate of dissolution of entan-
glements and chain segment orientations determines the
occurrence of a distinct yield point as well as the begin-
ning of the strain hardening regime.

Conclusions

We investigated the thermal as well as mechanical
properties of polyethylene at different levels of coarse-
graining. For the equilibration of polymer melts we
adopted a procedure from literature for generic poly-
mers for the use with our chemically specific system.
Although we had to simplify the methods from litera-
ture, we are able to create well equilibrated polymer
melts. The evaluation of the mean-squared internal
distances as well as the static structure factor show
consistent and expected behavior.

The calculation of the glass transition temperature
and coefficient of thermal expansion gave results that
are close to experimental results. Concerning the stress-
strain reaction of the investigated polyethylene systems
we are able reproduce the typical regimes, ranging from
a linear elastic response, yield strain, strain softening to
the strain hardening effect. The level of coarse-graining
shifts the results quantitatively, not qualitatively.
A coarser description leads to a higher level of strain
due to a shift of the time scale. The general level of
stress observed by our investigations at the lowest strain
rate of 10° s™' was close to typical experimental results
for semi-crystalline polyethylene. We found that the
level of stress decreases with increasing temperature
and decreasing strain rate. Also the distinct yield peak
vanishes with decreasing strain rate. The chain length
has an influence on different characteristic values,
although chain length effects are generally lower than
temperature and strain rate effects. While the elastic
modulus is nearly independent from the chain length,
the yield stress as well as the stress at &,y = 1.0 show
clear increasing tendency with increasing chain length.

The Poissons’s ratio shows a decreasing tendency
with increasing chain length. Observing the chain
orientation and entanglement behavior on the micro-
scale, our results showed clear time and load depending
effects. At high strain rates chains orient as whole
preserving local entanglements, at low strain rates we
observe a stronger dissolution of entanglements and
more local bond orientations which drive the polymer
systems reactions. In that way, the special case of the
occurrence of a well-defined yield peak can be
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interpreted as a disproportionally strong dissolution of
entanglements after the yield point has been passed.
Finally, an influence of the chain length on the micro-
scopic entanglement and orientation behavior was
observed for chain lengths lower than 1000 beads. For
longer chains there is negligible difference in the local
orientation and entanglement behavior.
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3 Publikation 2

In dieser Publikation wird untersucht, in welchem Mafe das Schrumpfverhalten
von Polyethylen nach uniaxialen Verstreck- und anschliefsenden Abkiihlvorgéngen
auf der Mikroebene abgebildet und interpretiert werden kann. Die Inspektion mi-
kroskopischer Grofen (Verschlaufungen, Orientierungen von Kettensegmenten) er-
laubt eine mikromechanische Interpretation des beobachteten Verhaltens. Deutlich
herausgearbeitet wird die Uberlagerung des Schrumpfverhaltens durch Kristallisati-
onsvorgéange. Ein eigenes Kriterium zur Bestimmung des Kristallisationsgrades wird
vorgestellt. Simulationen bis zu einer Lange von 600 ns geben moglichst tiefen Ein-
blick in das Systemverhalten. Zudem werden Fragestellungen zur Charakterisierung
initialer Kristallisationsvorgénge beim Abkiihlen aus der Schmelze detailliert behan-
delt.

Dieser Abschnitt basiert auf der folgenden Veréffentlichung, welche durch mei-
nen Doktorvater und weitere wissenschaftliche Kollegen aus der gemeinsamen For-
schungsgruppe mitverfasst wurde. Die bibliografischen Details einschlieflich aller

Autoren sind:

D. Grommes, M. R. Schenk, O. Bruch, D. Reith. , Investigation of Crystallization and
Relaxation Effects in Coarse-Grained Polyethylene Systems After Uniaxial Stret-
ching“. In: Polymers 13 (2021), 4466.

Mein Beitrag zu diesem Artikel beinhaltet die Konzeptionierung und Durchfiih-
rung der Simulationen. Des Weiteren erfolgten eigensténdig die Literaturrecherche,
Auswertung und Diskussion der Ergebnisse, Erstellung des Manuskripts sowie der
Tabellen und Abbildungen. Eine vollstandige Kopie des Fachartikels ist diesem Ka-
pitel beigefiigt. Der Eigenanteil betragt ca. 90 %.
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Abstract: In this study, we investigate the thermo-mechanical relaxation and crystallization behavior
of polyethylene using mesoscale molecular dynamics simulations. Our models specifically mimic
constraints that occur in real-life polymer processing: After strong uniaxial stretching of the melt, we
quench and release the polymer chains at different loading conditions. These conditions allow for
free or hindered shrinkage, respectively. We present the shrinkage and swelling behavior as well as
the crystallization kinetics over up to 600 ns simulation time. We are able to precisely evaluate how
the interplay of chain length, temperature, local entanglements and orientation of chain segments
influences crystallization and relaxation behavior. From our models, we determine the temperature
dependent crystallization rate of polyethylene, including crystallization onset temperature.

Keywords: mesoscale coarse-graining; polyethylene; uniaxial stretching; relaxation; shrinkage;
crystallization; local chain orientation

1. Introduction

Polymers are of great importance in industrial and consumer related applications.
Their low costs, easy processability, and good performance characteristics give polymers
versatile usage options. Yet individual component design is a difficult procedure and in
many cases is characterized by strong compromises due to their distinctive time, tem-
perature, and load-dependent behavior. For the development of an optimized product
at minimum material usage, the use of computer-aided-engineering (CAE) has become
increasingly important over the past several years. Simulation-based product tests using
the method of finite elements (FE) are already state of the art. Several properties of the final
part such as the deformation behavior are predictable. Nevertheless, simulation results
strongly depend on the input data for the analysis procedure [1-5]. Clearly the material
description, consisting of the choice of the material model and the related material proper-
ties, influences the results. In many cases, specific material properties, which are generally
determined by experiments, are not available. Furthermore, performing the necessary
experiments is associated with high costs, especially if different types of experiments are
needed to fully characterize the material’s behavior [1-3].

An alternative way to overcome that limitation is the use of molecular dynamics (MD)
simulation methods [6,7]. Modelling a specific polymer on the microscale enables the
determination of material parameters needed for the simulations on the macroscopic scale.

One of the most crucial factors in real-life polymer processing is the characterization of
the shrinkage behavior due to thermally and mechanically induced stress during processing.
Theses stresses occur in every type of plastics processing [8]. For example, during the
extrusion and inflation stages in the widespread extrusion blow molding process [9,10] or
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during sheet deformation in the thermoforming process [11]. In this work, we therefore
investigate the shrinkage, relaxation and crystallization behavior of polymer systems
under different temperature and loading conditions, which resemble real-life processing
conditions. Concerning which material to investigate, the choice was made for polyethylene
(PE) as it is widely spread in industrial and consumer application. Because of its simple
structure, it can be easily modeled on the microscopic scale.

In contrast to previous studies, our approach is to discuss both the strain (stress)
induced crystallization behavior as well as the resulting changes of the system size to
give an estimate of the shrinkage behavior after prior loading. As we focus on mimicking
macroscopic processing conditions we stretch, cool and relax our systems under two
different approaches that both typically occur in real-life processing: (1) “free conditions”,
where the system (the real part) is able to shrink immediately after stretching; (2) “fixed
conditions”, where the box size (the part shape) is fixed in every direction of space to mimic
the effect of a mold constraint. Only after cooling is finished (and the part is demolded),
the box (the part) is allowed to change its shape and size.

In the past, some MD studies have been performed to investigate the relaxation behav-
ior of polymers after prior loading. As for our systems, we expect that crystallization will
play an important role, an overview about recent studies on that topic is also appropriate.

Hsu and Kremer [12,13] investigate the relaxation behavior of a generic polymer
model after large uniaxial stretching. Their main focus is on the analysis of the primitive
path and the stress relaxation behavior. Related studies of highly oriented polymers are
found in [14-16].

There exist different studies that use united atom (UA) models of polyethylene for the
investigation of crystallization in stretched systems [17-20]. These studies only focus on
crystallization effects and leave relaxation effects aside.

Moyassari et al. [21,22] use a coarse-grained (CG) model, where they map two CH,
units in one super-bead. They investigate the crystallization behavior of different bi-
modal [21] and short-branched [22] polyethylene melts starting from the pure amorphous,
quiescent state. They perform long simulation runs up to 800ns. Verho et al. [23] also
focus on the crystallization of polyethylene. By using a UA model, they start from a given
crystal seed to initialize crystallization. Still, very long simulation runs up to 1200 ns are
necessary to capture the relaxation behavior, at least in part. Hall et al. [24] investigate
different properties of polyethylene by the use of a CG model (three CH; units into one
super-bead). Inter alia, they observe crystallization behavior from quiscient melt in long
simulation runs.

An overview about different UA force fields and their influence on the simulation of
crystallization is given by Hagita et al. [25]. By investigating eight common force fields,
they show that crystallization effects in simulation models strongly depend on the choice
of the force field.

2. Simulation Methodology
2.1. Force Field

The force field [26] that we use for the investigation of relaxation and crystallization
effects was previously used for the simulation of tensile tests on the micro scale [27]. It
was shown that it is suitable for the evaluation of orientation and entanglement effects that
drive the mechanical behavior of polyethylene. Therefore it is an ideal starting point for
the investigation of strongly stretched systems and their relaxation behavior.

The bonded interaction as well as Lennard Jones (L]) parameters for CG polyethylene
description are presented in Table 1. L] parameters in [26] are optimized to have good
agreement with experimental density and heat of vaporization. For more accuracy [26]
defines the L] parameters depending on the particle position (end or middle position in
the chain). Therefore two types of CG beads (CGpiq, CG3epq) are defined. The first- and
second-neighbour beads are excluded from the non-bonded interactions. Additionally,
there is a third-neighbour L] interaction with different parameters. The cut-off distance
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7c is taken as 2.5 times the value of ¢ of the middle bead. All non-bonded parameters are
summarized in Table 1.

Table 1. Bonded and Lennard—Jones force-field parameters for coarse-grained polyethylene [26]. Note that the Lennard-

Jones parameters depend on the particle position.

Bead Type Bond Length Bond Angle Dihedral Angle
bO Kb 9() Ke m K¢,
[nm] [kJ mol ! nm—4] [°] [k] mol~1] [-] [k] mol—1]
CG3 0.353 19730 146.4 56.6 1 0.74
Bead Type Position o € 014 €14
[nm] [kJ mol~1] [nm] [k] mol 1]
CG3pid middle 0.457 2214 0.401 2.213
CG3end end 0.468 2415 0.421 2415

Special attention is paid to the proper equilibration of polymer melts as this is a
highly non-trivial task. We apply the equilibration procedure from Moreira et al. [28] and
Auhl et al. [29]. As shown in our previous work [27] we are able to adopt that procedure for
the equilibration of our chemically specific force field. By verifying the static melt structure
factor and the mean square internal distance of the final systems, we make sure that these
are well equilibrated. The results of the equilibration are found in [27]. We equilibrate
and further investigate four different system sizes with various number of chains M and
chain length N (M x N: 1000 x 500, 100 x 1000, 500 x 1000, 250 x 2000). The investigated
chain lengths cover a range where systems have distinctively different behavior. Shortest
investigated chain length (N = 500) is suitable to serve as an example for showing that
these systems do not represent real-life polymer behavior under excessive stretching. On
the contrary, the longest investigated chains (N = 2000) give a much better estimate of
polymer behavior with respect to experimental results. Our system size of 500,000 particles
ensures reasonable computation times. To keep total system sizes constant, the number
of chains per system is 1000 (for N = 500), 500 (for N = 1000) and 250 (for N = 2000),
respectively. We do not investigate longer chains as systems would then consist of less
than 250 chains, which would lead to less reliable statistics. The only exception is the
system with 100 chains at chain length 1000, which we use to make the long time scale
(up to 600ns) accessible within a reasonable time frame. Our equilibrated systems have
density of the amorphous phase at 293 K (0amorph,293K), melt density (p493x), coefficient of
thermal expansion (CTE) and glass transition temperature (T) in good agreement with
experimental results (Table 2).

Table 2. Comparison of different physical properties of polyethylene determined by use of the CG
force field from [26] (system size: 250 x 2000 (M x N)) and experimental results. Unless otherwise
noted, values are determined in this work. For the experimental value of the amorphous density at
293 K the corresponding author does not provide standard errors.

Pamorph,293K P493K CTE Tg

[gem™3] [gem™3] [1x1074K™1] (K]
sim. 0.853 + 0.001 0.749 + 0.001 12,015+ 0.013 [27] 210 + 3 [27]
exp. 0.87 [30] 0.747 + 0.002 [31] 20.95 + 0.05 [32] 195 + 10 [33]

32.1940.03 [32]
! determined by cooling from 333.15K to 273.15K; 2 injection molded sample, temperature range 298.15K to

328.15K, perpendicular to injection direction; 3 injection molded sample, temperature range 333.15K to 373.15K,

in injection direction.
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2.2. Simulation Procedure

Molecular dynamics simulations are performed using the ESPResSo++ package [34,35].
Starting with the equilibrated systems our simulation procedure consists of three steps:
(1) stretching of the samples of amorphous melt; (2) quenching of the samples to a specific
temperature at two different conditions; (3) final relaxation of the samples.

In the first step, we continuously stretch the systems in the melt state at 500 K up to
a degree of stretching A = 6 at an initial strain rate of 1-10® s~!. We therefore extended
the ESPResSo++ source code in order to enable uniaxial stretching of the box under con-
sideration of simultaneous free transversal contraction. The selected strain rate ensures
strong orientations of chain segments without over-pronounced disentanglement of chains.
The stretching is performed under usage of the Berendsen barostat for the transversal
directions (Tparo = 10 ps), Berendsen thermostat (Tinermo = 1 ps) and periodic boundary
conditions (rectangular box). Note that strong stretching of chains includes a potential risk
of bond crossing. However, due to the still moderate level of stretching in our simulations
(cf. [19,22]), we do not expect bond crossing to happen.

The cooling of the samples while releasing the tensile strain is done in two distinctively
different ways which mimic different real-life processing conditions. The first option is
choosing “free” boundary conditions, which allow the previously stretched melt to contract
instantaneously after A = 6 is attained. This is done by using an anisotropic Berendsen
barostat (Tpao = 1000 ps) and setting the pressure to 1 bar in every direction of space.
Simultaneously, we cool the systems down to the target temperature (353.15K, 293.15K,
233.15K) within a time frame of 10ns by using the Berendsen thermostat (Tihermo = 1PS).
The second option for the cooling procedure is a “fixed” boundary condition: Instead of
allowing the system to contract immediately after stretching, we here fix the box dimensions
during cooling by not using a barostat. In the same way as for free conditions, the cooling
time is set to 10 ns by use of the Berendsen thermostat at Tyermo = 1 ps. This allows for the
internal relaxation of stress (due to conformational relaxation) while the system is not able
to change its size and shape.

The final step of our simulation procedure is the observation of the system evolution after
the cooling is finished. We therefore let each system evolve by using the anisotropic Berendsen
barostat at the specific target temperature, set by the Berendsen thermostat. This means that
the systems, which are cooled under fixed boundary conditions, are now able to change their
shape and size. Integration time step for all simulation steps is set to 4 fs.

2.3. Evaluation of the Microscopic Structure

Evaluation of the microscopic structure of the polymer systems is essential for the
interpretation of macroscopic effects. We evaluate the orientation behavior both on the
local as well as on the global scale with respect to the stretching direction. We define the
orientation factor  according to Equation (1) as the projection of either the normalized bond
vector Fond / |[Fpond| OF analogously the chain end-to-end vector Pengd-to-end / | Pend-to-end | ON
the unit vector €jepgjle in pulling direction. The brackets in Equation (1) indicate the average
over all bond or chain end-to-end vectors, respectively. This definition is widely used for
the evaluation of orientations of chain segments [17-19,21].

7% |?'aensile| 2 71
‘52<( 7 z W

For the evaluation of entanglements we use the primitive path analysis (PPA) in-
troduced by Everaers et al. [36], based on the assumptions of the tube model [37-39].
The PPA algorithm has become a standard tool in computer simulation. [40] For PPA,
chain-ends are fixed in space and all interactions except for the bond and interchain ex-
cluded volume interactions are switched off. The harmonic bond interaction is replaced
by a FENE (finite extensible non-linear elastic spring) interaction according to [34] with
attractive force strength K = 1000 k] mol~! nm~2, displacement parameter ry = Onm and
size parameter rmax = 0.55nm. The energy of the system is minimized so that, finally,
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chains shrink to straight segments with clear kinks. The length of the primitive path (PP)
(Lpp) = (N —1)(bpp), where (bpp) is the PP bond length, represents the contour length
of the tube. The tube radius app is defined as app = (R%.)/ (Lpp), where (RZ,) is the mean
squared end-to-end distance of the chains. From that the entanglement length N, according
to [36] is:

_ ep _ (R&)

For our evaluations we define the number of entanglements Z per chain as the ratio
N/ Ne (cf. [12]). This relation allows for an estimate of how entangled the systems with
different chain lengths are. Related methods for the investigation of entanglements are
presented and extensively discussed in [40-42].

Furthermore, we determine the crystallinity xcryst of the systems from a microscopic
and a macroscopic definition. The determination on the microscopic scale is done by the
use of an own developed procedure. We sample over all beads and determine the degree
of crystallinity as follows:

(1) The current bead i is closer to a neighboring bead j than 0.975 - 21/6. Bonded first
neighboring beads are excluded here;

(2) The orientation factor deryst between vectors ‘7i—1,i+1 and \7j_1/j+1 (vectors between
first neighboring beads of bead i and bead j) according to:

2

3 ‘71'71,1#1 : ‘7]'71,j+1‘ 1
(scryst = E - - - E (3)

Vic1it1 ’ “\Vi-1j+1 ‘

is larger than 0.9;

(3) We define the microscopic crystal stem length nsiem as the number of consecutive
beads within a chain that fulfil criterion (1) and (2). All beads that belong to stems with
nstem > 3 are regarded as being in a crystalline state. Our investigations reveal that in
purely amorphous systems the likelihood of finding structures with #ngem > 3 is very low
and rises quickly for #gtem < 3;

(4) By counting the number of crystalline beads N, according to (3) we determine the
degree of crystallinity Xcryst,micro by dividing the number of crystalline beads N, by the
number of total beads Nigya1;

The macroscopic definition is calculated from the ratio of the total density p, the pure
amorphous p,m and pure crystalline densities p;:

O~ Pam_ 4)

Xcrystmacro = 0
cr — Pam

We therefore need to calculate pam and pcr. While pam is known from the equilibrated
and quenched amorphous systems directly, we additionally need to evaluate a pure crys-
talline system. We setup and equilibrate a corresponding system as follows: We construct
one chain as a straight line under consideration of the equilibrium bond length and bond
angle. Then we place copies of this chain into the simulation box in an orthorhombic grid.
This structure is preferred as it is known from experiments to be found in polyethylene un-
der tensile loading [43]. Grid spacing is chosen to match the minima of the Lennard—Jones
potentials as close as possible. The equilibration procedure is straightforward: We use
Berendsen thermostat (Tinermo = 1ps) and barostat (T4, = 1000 ps) for quickly (100 ps)
heating up the system to 233.15K at dt = 4fs. Subsequently we perform a relaxation of
5ns followed by a production run of 5ns. Other temperatures (293.15K and 353.15K) are
reproduced by heating the equilibrated system at 233.15K by a rate of 0.2 K/ps followed
by further relaxation and production runs for 5ns each. From the results of the production
runs we sample the crystalline densities.

We determine a crystalline density of 0.935 + 0.001 g/cm? at 293.15 K. With respect to
the coarse-grained model as well as our application, this result is in acceptable agreement
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with the experimental value of 0.99 g/cm? [30]. The ratio of amorphous and crystalline
densities is also in agreement with experimental results: We calculate for our simulation
Persim/ Pamsim = 0.935/0.853 ~ 1.096 and for the experimental result pcrexp/Pamexp =
0.99/0.87 ~ 1.14 [30]. This minor difference allows for a reliable determination of the
degree of crystallinity in our polyethylene systems and ensures good comparability with
experimental results. Remarkably, our result for the crystalline density is very close to the
simulation results in [24]. On the basis of a comparable CG model by the use of analytic
potentials they determine p.r = 0.93 g/ cmd.

3. Results

In the following subsections, we describe the different effects that occur in priorly
stretched polyethylene systems. We start by describing different system behavior depend-
ing on free and fixed boundary conditions. We here focus on short time frames of 40ns.
That span of time is sufficient to cover the initially distinct reactions of the systems. Fur-
thermore, 40 ns are adequate to estimate how the systems evolve on a longer time scale
as individual trends are already obvious from these results. Subsequently, we discuss
temperature dependent and crystal growth effects. Finally, we present results from long
simulation runs (up to 600 ns) by the example of two selected systems.

Our explanations and therefore all following figures start at the point when the systems
are fully stretched to A = 6. From that point on, the systems are quenched from 500 K
to 233.15K, 293.15K or 353.15 K, respectively, within 10ns. Simultaneously, the systems
are allowed to relax according to either free or fixed boundary conditions as described in
Section 2.2.

3.1. Relaxation in Short Simulation Runs (40 ns)
3.1.1. Chain Length Effects under Free Conditions

For the evaluation of relaxation effects in stretched polyethylene systems we first
investigate the global shrinkage behavior. We define the longitudinal shrinkage as the
relative change of the box dimensions in former stretching direction. Analogously, the
transversal shrinkage is calculated as the average shrinkage in the lateral box dimensions.
It is expected to observe longitudinal shrinkage in former stretching direction when the
system undergoes conformational relaxation. Accordingly, in transversal direction we
expect some swelling of systems. Figure 1 shows that expectations hold for the first approx.
3 ns after releasing the tensile stress. Subsequently, we observe swelling of the systems in
longitudinal direction and shrinkage in transversal direction, which is initially unexpected.
For shorter chains we notice that they show a more pronounced swelling (longitudinal
direction) and shrinking (transversal direction) behavior past 3 ns after release.

0.5 ——TFT———T———T——T—— T T T 0.5 ——F———T———T—— T T T T

04| — 250x2000 - 04 — 2502000 |
L| --- 500x 1000 L === 5001000 | |

03 k| 1000 x 500 S 03k~ | 1000 x 500 | |

02 - 0.2

0.1F . 0.1 s

Shrinkage [-]
Shrinkage [-]
(=]

IS)

.
et
T
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S o
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L L L |
|
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-0.5 PR [T I TR N S R T R
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Figure 1. Longitudinal (a) and transversal shrinkage (b) for different system sizes M x N at target temperature of 293.15K.
The systems were simulated under free conditions. Each of the curves consists of 241 data points.
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Investigating the micro-structure reveals that the orientation and crystallization ef-
fects drive the behavior during the relaxation of the systems. Evaluating the degree of
crystallinity by the use of our micro-structural criterion, we clearly see that crystallization
takes place. After about 3 ns, which corresponds to the starting of the longitudinal swelling
(cf. Figure 1a), Xcryst,micro increases (Figure 2). From Figure 2 it is also clear that shorter
chains crystallize faster than longer chains, especially in case of the N = 500 system.

0.28 ——————T——T—— T

A

- |—o— 2502000 225

024_ -o0- 500x 1000 A:A‘ —
A= 1000 x 500 W

0.20

0.16

Xcryst,micro [']

0.12

0.08

0.04

Time [ns]

Figure 2. Degree of crystallinity based on the microscopic criterion (Xcrystmicro) at different system
sizes M x N. The systems were simulated under free conditions at target temperature of 293.15K.

Taking into account the orientation behavior of chain segments (bond vectors) and
of chain end-to-end vectors (Figure 3), it becomes clear that after releasing the system a
specific amount of orientation due to the former stretching is preserved, especially for
the end-to-end vectors. Because of this globally pre-oriented state a dense crystalline
packing takes predominantly place in the transversal direction. This leads to the observed
transversal shrinkage behavior at t > 3 ns and also explains the subsequent swelling in
longitudinal direction: Chain segments are forming into crystalline stems with parallel
ordering in longitudinal direction. Consequently, local and global orientation of chains and
chain segments increase in former stretching direction as it is seen from Figure 3.

Short chains with N = 1000 and even more with N = 500 show a remarkably
flexible behavior as it is seen from Figure 1 (strong swelling after 3ns) and Figure 2
(rapidly increasing level of crystallization). From theory this is expected, as shorter chains
are generally more movable than longer chains as, for example, characterized by the
disentanglement time 74 ~ N3*/N,, where N is the degree of polymerization and N is
the entanglement length. From this general relation it is clear that entanglement related
effects play an important role. In our case, by analysing the PP we evaluate that the number
of entanglements Z per chain at the end of the stretching (Figure 4, t = Ons) depends
on the chain length. Furthermore, after releasing the systems, we observe that chains
are re-entangling to an increasing extend with increasing chain length. For long chains
(N = 2000) these newly built entanglements are preserved to an higher extend, whereas
short chains (N = 500) evolve towards an entanglement level below their initial state.
We conclude that the high number of entanglements Z in the long chain system is one
crucial factor that prevents this system from rapid crystallization (Figure 2) and thus strong
elongation (Figure 1).
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Figure 3. Orientation factor § evaluated for single bonds and for the chain end-to-end vector for
different system sizes M x N. The target temperature was set to 293.15 K. The systems were simulated
under free conditions. A value of § = 1 represents full orientation in former stretching direction,
wheras § = 0 describes purely amorphous orientation behavior.
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Figure 4. Average number of entanglements Z per chain for different system sizes M x N at target
temperature of 293.15 K. The systems were simulated under free conditions.

3.1.2. Chain Length Effects under Fixed Conditions

For fixed conditions, we observe a behavior that is comparable to the results from
Section 3.1.1 only for the longest chains (N = 2000). After cooling and releasing of the
fixed box dimensions at 10 ns the longitudinal shrinkage is followed by a slight swelling
(Figure 5a, system: 250 x 2000). In contrast systems with short chains (N < 1000) start to
swell immediately after release, which was not observed for the corresponding investiga-
tions under free conditions. The previously observed swelling behavior in the transversal
direction (cf. Figure 1b) is also now suppressed for all chain lengths.
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Figure 5. Longitudinal (a) and transversal shrinkage (b) for different system sizes M x N at target temperature of 293.15K.

The systems were simulated under fixed conditions. Each of the curves consists of 236 data points.

Investigations of the effects on the microscale reveal that the level of orientation of
bond vectors after stretching (+ = 0ns) depends on the chain length (Figure 6). For longer
chains we observe a higher level of bond vector orientations. We explain this behavior by
the higher number of entanglements Z per chain for longer chains (Figure 7): The single
entanglements act as virtually fixed points between which the orientation of local bonds is
built up during stretching. Throughout the subsequent 10ns holding and cooling stage
bond orientations are only weakly relaxing (Figure 6, 0 < t < 10ns) as the system size is
globally fixed. The level of the chain end-to-end vector orientations remains at a constant
and remarkably high level (Figure 6).
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Figure 6. Orientation factor ¢ evaluated for single bonds and for the chain end-to-end vector for
different system sizes M x N. The target temperature was set to 293.15 K. The systems were simulated
under fixed conditions.
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Figure 7. Average number of entanglements Z per chain for different system sizes M x N at target
temperature of 293.15K. The systems were simulated under fixed conditions.

After releasing the systems at 10 ns, local structures in the long chain system (N =
2000) change significantly. This is indicated by the spontaneous decrease of orientation of
local bond vectors (Figure 6) as well as the mild increase of the number of entanglements
Z per chain (Figure 7). The long chains are re-entangling up to a certain level. At the
moment of release the elastic conformational energy that was previously saved between
the entanglement points is now instantaneously released. This leads to a disturbance in
the long chain system, which also causes a small initial dissolution of crystalline zones
after release (Figure 8). That effect is followed by a slow increase of crystallinity. Systems
with short chains (N < 1000) develop in a different way: The generally low level of
entanglements per chain (Figure 7) in combination with strong global orientation (Figure 6)
gives the chains the ability to easily pass along each other in longitudinal direction. This
leads to the observed strong swelling in that specific direction (Figure 5). In transversal
direction these systems severely shrink. All these observations correlate with a rapid
increase of local orientations (Figure 6) as well as level of crystallinity (Figure 8).
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Figure 8. Degree of crystallinity based on the microscopic criterion (Xcryst,micro) at different system
sizes M x N. The systems were simulated under fixed conditions at target temperature of 293.15K.
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3.2. Temperature Dependent Effects and Crystal Growth

With respect to temperature dependent effects on the relaxation of stretched polymers
Figure 9 gives insight into the shrinking and swelling behavior. Here, we only present
results for investigations under free conditions. The general trend does not differ between
the investigated temperatures. A longitudinal shrinkage is followed by a swelling, whereas
in the transversal direction, we observe swelling followed by shrinkage over time.
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Figure 9. Longitudinal (a) and transversal shrinkage (b) for a 250 x 2000 (M x N) system at different temperatures. The
systems were simulated under free conditions at target temperature of 293.15 K. Each of the curves consists of 241 data points.

Interestingly, the simulation at 293 K shows exceptional behavior as these results do
not fully fall in line with results at the other investigated temperatures (see crossing of
curves in Figure 9 at approx. 15ns (longitudinal direction) and 27 ns (transversal direc-
tion)). The shrinkage/swelling effects at 293 K are stronger in comparison to the results
at other temperatures. We observe the same trend for the systems under fixed conditions.
Figure 10 reveals that the temperature dependent crystallization rate dominates the ob-
served behavior. From the figure it is clear that the stronger swelling of the system at 293 K
is due to a quicker growth of crystalline zones, which is 1.3 times (11.1 times) faster than at
233K (353 K).

Figure 10 also provides an insight into the temperature range where crystallization is
thermodynamically possible. From 375.65 K on our models show that no crystal growth
takes place (xrate = 0). Above that specific temperature small initial crystallites are immedi-
ately destroyed as the level of kinetic energy of the chains is too high. Experimental results
from DSC (differential scanning calorimety) in [44] reveal that depending on the cooling
rate the onset crystallization temperature T, for high-density polyethylene varies from
393.75 K (cooling rate 2.5 K/min) to 389.65 K (20 K/min). By using fast DSC Toda et al. [45]
report Tcon ~ 379K (cooling rate 1200K/s). Considering the very fast cooling rates in
the simulations on the microscale our result is in good agreement with experiments. At
very low temperatures we observe that the crystallization rate does not strictly fall to
zero. Due to the quick cooling of the systems densification towards a final equilibrium
state is still in progress. Hence, very few crystallites are able to form, despite the very
low temperature. Additionally, beads are denser packed at low temperatures. As our
microscopic crystallinity criterion uses a constant threshold distance to differentiate be-
tween crystalline and amorphous states of neighboring beads, our evaluation method has
a very slight tendency to overestimate the degree of crystallinity at very low temperatures.
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Therefore, our simulation results are showing the observed crystallization rates at very low
temperatures.
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Figure 10. Temperature dependent crystallization rate (Xrate) determined for a 250 x 2000 (M x N) system under free

conditions (left). System was quenched from 500K to the specific target temperatures within 1 ns. The graph on the right

shows the determination of the crystallization rate by the example at 293.15 K: We define the crystallization rate from the

average slope of the increasing degree of crystallinity according to our microscopic definition between 5 and 25 ns (blue

dashed line). As we here take the growth of initially very small crystallites into account, we set ngtem > 1 (cf. Section 2.3).

Lines in the figure on the left side, as well as the dotted lines in the right figure, are a guide to the eye only. For more clarity,

note that scales in the figures are slightly shifted inwards. The figure on the right side consists of 86 data points.

For a deeper insight into crystallization kinetics we investigate crystal growth. We
therefore use the microscopic criterion for the observation of beads that are in a crystalline
state. We here count the number of beads that belong to one specific crystal stem length
according to our criterion. By evaluating various crystal stem lengths 7giem between one
and ten beads we are able to monitor the growth of crystallites in the systems. In Figure 11
we compare the different crystallization behavior under free and fixed conditions. Results
are sampled over 150 ns (cf. Section 3.3).

Under free conditions (Figure 11a), the number of crystallites, which have previously
been formed due to the stretching of the system, initially drops to a significant degree.
An instantaneous release of the system severely disturbs the early ordering of crystalline
regions. The temperature at the very first moment of release is still at 500K so that
dissolution of crystallites is likely. The generally large number of single crystalline beads
indicates that there is a great amount of crystal nuclei in the stretched system. During
cooling and densification of the system we observe an increasing tendency for growing
crystals especially for mid-sized crystals (nstem = 2, 3, 4). After the cooling stage is finished
(t = 10ns), crystal growth on the larger sized level (i1stem > 7) is monitored. In contrast,
the number of nuclei (11giem = 1) is significantly decreasing as they are either unstable or
grow to larger crystallites.
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Figure 11. Number of beads in crystalline state (Neryst) depending on the crystal stem length determined for a 250 x 2000

(M x N) system. We here use our microscopic crystallinity criterion (cf. Section 2.3) for the identification of the number of
beads that belong to a specific stem length (nigtem = 1,2, 3, 4,7, 10). (a) Results for free conditions. (b) Results for fixed
conditions. The target temperature was set to 293.15K. The grey dotted lines indicate the end of the cooling at 10ns. For
clear visibility of initial effects, note that scales in the figures are slightly shifted inwards. Each of the curves consists of

160 data points.

In comparison, the development of crystallites under fixed conditions (Figure 11b)
is considerably different in the beginning. Holding the box dimensions fixed during the
cooling stage leads to a growth of crystalline structures on the mid and long investigated
scales (1stem > 3). The number of nuclei (nsem = 1) decreases during the cooling and
holding stage as many of these are already transformed to larger crystallites. At the moment
of release of the system at t = 10ns the internal structure of the system is only very slightly
disturbed by its sudden ability to change its size. Hereinafter, a trend, as seen for the for

free conditions, towards slowly growing large crystallites (#stem > 7) is obvious.

3.3. Relaxation in Long Simulation Runs (150 and 600 ns)

As for all investigated systems we do not observe a final equilibrium state, where
especially the degree of crystallinity reaches a stable plateau, we perform longer simulation
runs for two particular system sizes. We simulate one large system with 250 chains at chain
length 2000 for 150 ns and one small system with 100 chains at chain length 1000 for 600 ns
at 293.15K. As the general development of the systems on the long time scale does not
strongly depend on the boundary conditions, we here only concentrate on the results of
the simulations under fixed box dimensions during cooling (cf. Section 3.1.2).

From Figure 12 it is clearly visible that, even after long simulation runs, a final system
state is not recorded. Still, simulations show swelling in longitudinal direction, but a trend
towards a plateau regime is visible for the 600 ns run.

As already discussed, crystallization effects are driving the system behavior.
Figure 13 shows that also on a longer time scale longitudinal stretching of the systems is
continuously connected to an increasing degree of crystallinity. By evaluating the degree
of crystallinity a stable state for the 100 x 1000 system is expected to be close. A meta-
stable state at around 500 ns already appears in Figure 13b. A cutout from a 100 x 1000
system with clear semi-crystalline structure at the end of the simulation (600 ns) is shown in
Figure 14. Beyond that, by plotting the degree of crystallinity according to the microscopic
and macroscopic definition we see that both criteria develop in a very similar manner.
There is only a slight offset between the two definitions. Hence, we conclude that the
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microscopic definition (with ngiem > 3) is suitable for the evaluation of the degree of
crystallinity.
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Figure 12. Evolution of the longitudinal and transversal shrinkage on an extended time scale (150 and 600 ns) for different
system sizes M x N (250 x 2000 (a), 100 x 1000 (b)). The target temperature was set to 293.15 K. The systems were simulated
under fixed conditions. The grey dotted lines mark t = 40ns. Each of the curves consists of 256 data points.
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Figure 13. Degree of crystallinity based on the microscopic criterion (Xcryst,micro) and the ratio of crystalline and amorphous
densities (Xcryst,macro) for a 250 x 2000 (a) and a 100 x 1000 system (b). The systems were simulated under fixed conditions
by cooling from 500K to 293.15 K within 10ns. As we defined the results for Xcryst,macro ON the basis of densities at 293.15K,
the results for the macroscopic degree of crystallinity up to t = 10ns are not comparable to the microscopic definition. The
grey dotted lines mark t = 40 ns. Each of the curves consists of 256 data points. Only the curve representing the 250 x 2000

system and Xcryst,micro definition consists of 160 data points.
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1 nm stretching direction

Figure 14. Cutout from a 100 x 1000 (M x N) system after 600 ns simulation. The system was simulated under fixed
conditions at target temperature 293.15 K. The semi-crystalline structure is visible. Additionally, the distinctive orientation
of chain segments within crystalline regions in prior stretching direction is obvious.

Evaluating the number of entanglements (Figure 15), tendencies observed in short
simulations continue. While the mid-sized chains significantly disentangle (Figure 15b,
100 x 1000: Z(0ns) = 14.7, Z(150ns) = 11.4, Z(600ns) = 8.5), the long chain system
remains in a significantly more entangled state (Figure 15a, 250 x 2000: Z(0ns) = 27.2,
Z(150ns) = 26.3). Again, after 600 ns, a final state is not fully captured within the simulated
time frame, but is close.
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Figure 15. Average number of entanglements Z per chain for a 250 x 2000 (a) and a 100 x 1000 system (b) (M x N). The
systems were simulated under fixed conditions at target temperature of 293.15K. The grey dotted lines mark ¢t = 40ns. The
curve representing the 100 x 1000 system consists of 256 data points. The curve representing the 250 x 2000 system consists
of 160 data points.

4. Discussion

By investigating stretched and subsequently cooled polyethylene systems under
different loading conditions, we see remarkable effects on the microscale. If the sys-
tem is in a temperature range where crystallization is thermodynamically possible (cf.
Figure 10), crystallization effects strongly dominate the behavior after release of the tensile
strain. Further visco-elastic relaxation effects play only a secondary role as we detect
longitudinal elongation in all systems when crystallization sets in. Longitudinal elongation
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is also reported and explained by chain straightening and alignment during crystallization
in [20].

Comparing the evolution of systems under free and fixed conditions, we initially mon-
itor distinctively different behavior concerning orientation, crystallization and shrinkage.
On the longer time scale (f >> 10ns) these differences become less prominent. However, it
is shown that the degree of crystallinity in systems, which were processed by the use of
fixed boundary conditions, is significantly higher at the end of the simulations (t = 40ns),
at least for chain lengths N > 1000 (cf. Figures 2 and 8). Regarding the investigated system
sizes, results reveal that systems with shorter chain length (N < 1000) tend to strongly
elongate in longitudinal direction (cf. Figures 5 and 12). Very short chains (N = 500)
especially have a tendency to almost completely disentangle, which is unlikely for a real
polymer that is used in industrial application. Only by the use of long chains (N = 2000)
we are able to reproduce a system behavior which is relevant on the macroscopic scale.
This is in contrast to our results from tensile tests [27], where the behavior of a system with
chain length N = 500 was already comparable with systems with larger chain lengths and
real-life polymers, respectively. This emphasizes that chain length has a strongly varying
influence on different physical quantities. Additionally, due to limited resources we are not
able to fully cover the physical time scale that is needed for a complete reproduction of
relaxation and crystallization effects. Nevertheless simulations over 600 ns show a clear
way towards an equilibrium state (Figure 12).

Finally, our model is able to reproduce the crystallization onset temperature very
close to the experimental results (Figure 10). Comparing the overall trend of the crystal-
lization rate our results differ from experiments more significantly. Especially the peak
crystallization rate (Tpeax = 278.15K, Xrate peak = 1.60 £0.10 us~1) is shifted towards lower
temperatures compared to experiments showing that the peak crystallization rate is in the
range between 343.15K and 348.15K [46]. Using MD simulation on the basis of an UA
approach Yamamoto [47] determines the peak crystallization temperature at around 330 K.

Our models are based on monodisperse polyethylene chains. It needs to be proved
how polydisperse systems affect results. The current model is also limited to the investi-
gated time and length scale. From our results we see a clear influence of the chain length
on the results. Analysis of longer chains (N > 2000) on a longer time scale is needful for
covering a range closer to the macroscopic scale.

5. Summary

In this study, we analysed the relaxation and crystallization behavior of stretched
and subsequently cooled polyethylene systems for up to 600ns. We used two different
approaches: (a) “free” conditions, which allow the systems to contract instantaneously
after stretching and (b) “fixed” conditions, which hold the box dimensions fixed during
solidification of the melt. Only after cooling to specific temperatures these systems are
allowed to change its shape and size. Both procedures represent loading conditions that
occur in real-life polymer processing.

By using large systems with chain lengths of 2000 beads, we are able to realistically
model entanglement, crystallization and relaxation behavior of polyethylene. Our results
clearly show, that cooling under fixed and free conditions, respectively, leads to substan-
tially different crystallization kinetics on the microscale: The use of free conditions results
in a strong dissolution of orientations and initially generated crystallization nuclei. Re-
entanglement effects, evaluated by the primitive path analysis, play an important role,
especially in case of large chain lengths (N = 2000). In contrast, for fixed conditions, we
determine significant conservation of orientations and crystalline nuclei during relaxation.
In this case re-entanglement effects have a minor influence on the micro-structure.

Chain length has an essential effect on the results. Only a chain length of 2000 gives
results that are comparable with polymer behavior on the macroscale. Shorter chains show
a trend to almost completely disentangle after strong elongation. From our results we are
able to determine the temperature dependent rate of crystallization. The crystallization
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onset temperature is reproduced in good agreement with experimental results. The course
of the crystallization rate is also comparable to experimental results.

Depending on real-life process conditions, in many cases, not only does uniaxial
stretching occur. The blow-molding and deep drawing processes especially induce biaxial
stretch ratios during part formation. Therefore, investigations of the influence of biaxial
stretching on the microscopic structure is needed. In a future study, we will address both
the microscopic structure due to biaxial stretching and resulting relaxation effects.
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4 Publikation 3

Mit Blick auf die Nachbildung der Verhéltnisse beim Extrusionsblasformen wird
in dieser Publikation untersucht, welche mikroskopischen Effekte in biaxial verstreck-
ten Polyethylensystemen auftreten. Hierzu werden die Polymersysteme einer Viel-
zahl an unterschiedlichen Verstreckgraden ausgesetzt. Es wird dargestellt, wie die
Mikrostruktur im Polymer durch den Verstreckvorgang verédndert wird und welche
Konsequenzen dies fiir das Kristallisationsverhalten wihrend des Abkiihlvorgangs
hat. Weiterer Schwerpunkt liegt auf dem Vergleich von variierenden Randbedin-
gungen wahrend des Abkiihlens. Bereits in Publikation 2 ermittelte Resultate fiir
uniaxiale Verstreckvorgénge werden in die Diskussion vergleichend einbezogen. Es
wird zudem die Frage geklart, bis zu welchem Verstreckgrad die Polymersysteme un-
terschiedlicher Kettenlédnge in der Lage sind, ausreichend dicht verschlauft zu sein,

um makroskopisch erwartbares Verhalten abbilden zu konnen.

Dieser Abschnitt basiert auf der folgenden Veréffentlichung, welche durch mei-
nen Doktorvater und weitere wissenschaftliche Kollegen aus der gemeinsamen For-
schungsgruppe mitverfasst wurde. Die bibliografischen Details einschliefllich aller

Autoren sind:

D. Grommes, M. R. Schenk, O. Bruch, D. Reith. ,Initial Crystallization Effects in
Coarse-Grained Polyethylene Systems After Uni- and Biaxial Stretching in Blow-
Molding Cooling Scenarios®. In: Polymers 14 (2022), 5144.

Mein Beitrag zu diesem Artikel beinhaltet die Konzeptionierung und Durchfiih-
rung der Simulationen. Des Weiteren erfolgten eigensténdig die Literaturrecherche,
Auswertung und Diskussion der Ergebnisse, Erstellung des Manuskripts sowie der
Tabellen und Abbildungen. Eine vollstdndige Kopie des Fachartikels ist diesem Ka-
pitel beigefiigt. Der Eigenanteil betragt ca. 90 %.
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Abstract: This study investigates the initial stage of the thermo-mechanical crystallization behavior
for uni- and biaxially stretched polyethylene. The models are based on a mesoscale molecular
dynamics approach. We take constraints that occur in real-life polymer processing into account,
especially with respect to the blowing stage of the extrusion blow-molding process. For this purpose,
we deform our systems using a wide range of stretching levels before they are quenched. We discuss
the effects of the stretching procedures on the micro-mechanical state of the systems, characterized
by entanglement behavior and nematic ordering of chain segments. For the cooling stage, we
use two different approaches which allow for free or hindered shrinkage, respectively. During
cooling, crystallization kinetics are monitored: We precisely evaluate how the interplay of chain
length, temperature, local entanglements and orientation of chain segments influence crystallization
behavior. Our models reveal that the main stretching direction dominates microscopic states of the
different systems. We are able to show that crystallization mainly depends on the (dis-)entanglement
behavior. Nematic ordering plays a secondary role.

Keywords: mesoscale coarse-graining; polyethylene; biaxial stretching; relaxation; crystallization;
local chain orientation

1. Introduction

Semi-crystalline polymers are widely used in industrial and consumer-related appli-
cations [1]. Their individual performance characteristics give polymers versatile usage
options. During polymer processing, their properties change, primarily due to orientation
and crystallization processes under the occurrence of flow fields [2-5] or stretching pro-
cesses [6,7]. These varying changes put significant difficulties into the design process of
plastic parts. Computer-aided engineering (CAE) has become increasingly important for op-
timal product design over the past several years. Simulation-based product tests using the
method of finite elements (FE) have already been state of the art for decades [7-12]. In the
field of blow-molding, such simulation models already use input data concerning biaxial
stretching during processing [7,8,10,11]. Performing the necessary experiments to character-
ize stretch dependent material data is associated with high costs. Consequently, simulation
models often use a coarse process-dependent material description only [7,8,10,11]. A way
to overcome that limitation is using multiscale molecular dynamics (MD) simulation meth-
ods [13,14]: Modelling a specific polymer on the microscale enables the determination of
material parameters needed for the simulations on a mesoscopic or even macroscopic scale.

In this work, we investigate the microscopic state of polyethylene after different uni-
and biaxial stretching processes. We mainly determine relationships between the micro-
mechanical state after stretching and the following initial crystallization behavior. We
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use other loading conditions, which resemble real-life processing conditions. We stretch
and cool our systems under two different approaches that both typically occur in real-life
processing: (1) “fixed conditions”, where the box size (’the part shape”) is fixed in every
direction of space to mimic the effect of a mold constraint. Only after cooling is finished (and
the part is demolded), the box (“'the part”) is allowed to change its shape and size. (2) “free
conditions”, where the system (“’the real part”) can deform immediately after stretching.
We mainly concentrate on investigating fixed boundary conditions during cooling as
we want to conserve the micro-mechanical state after stretching and precisely monitor
the resulting crystallization behavior. Furthermore, the fixed conditions resemble real-life
plastics processing boundaries closely, especially with our focus on extrusion blow-molding
and similar processes such as deep drawing or film blowing. By using these specific
boundary conditions, we tie to the proposed ideas of Chandran et al. [15], who encourage
the consideration of real-life processing conditions within molecular dynamics simulations.

During stretching of the melt, flow-enhanced nucleation (FEN) occurs, as described
by the theory of Flory’s conformational entropy reduction model (CERM) [16]. Different
MD studies discussing the crystallization of priorly deformed polyethylene systems are
found in [17-23]. These studies focus on uniaxially stretched or sheared systems only.
In our previous work [24], we investigated uniaxially stretched polyethylene systems’
crystallization and relaxation behavior at one specific level of stretching Ayn = 6. As
real-life processes usually introduce biaxial stretching to the processed melt, drastically
changing trends of chain straightening and orientation are likely to occur [25]. In the work
of [25], different biaxial levels of stretching for a coarse-grained poly(vinyl alcohol) (PVA)
are investigated. They define the level of biaxial stretching by the multiplication of the two
planar stretch ratios. For all investigated systems, their total level of biaxial stretching is
constant at Apiaxial = 9. They report a significant influence of the different stretch ratios on
orientation and crystallization behavior. Recently, Zhang et al. [26] investigated uni- and
biaxially stretched polyethylene systems using MD methods. They focused on the influence
of different stretching approaches on stress—strain properties and failure behavior. For the
influence of various force fields on the crystallization behavior, an overview of united atom
(UA) models is given by Hagita et al. [27].

2. Simulation Methodology
2.1. Force Field

We use a coarse-grained polyethylene force field [28] which we previously utilized
to simulate tensile tests [29] and relaxation effects in uniaxially stretched systems [24]. It
was shown that it is suitable for evaluating entanglement, orientation and crystallization
effects that drive the behavior of polyethylene. Therefore it is an ideal starting point for
the investigation of strongly biaxially stretched systems. The bonded interaction and
Lennard Jones (L]) parameters for CG polyethylene description are presented in Table 1.
L] parameters [28] are optimized to have good agreement with experimental density and
heat of vaporization. For more accuracy [28], defines the L] parameters depending on
the particle position (end or middle position in the chain). Therefore two types of CG
beads (CGyyiq, CG3eng) are defined. The first- and second-neighbor beads are excluded
from the non-bonded interactions. Additionally, there is a third-neighbor L] interaction
with different parameters. The cut-off distance 7. is taken as 2.5 times the value of ¢ of the
middle bead. All non-bonded parameters are summarized in Table 1.

Special attention is paid to the proper equilibration of polymer melts as this is a
highly non-trivial task. We apply the equilibration procedure from Moreira et al. [30]
and Aubhl et al. [31]. Our previous work shows that [29] we can adopt that procedure
for equilibrating our chemically specific force field. By verifying the static melt structure
factor and the final systems’ mean square internal distance, we ensure that these are well
equilibrated. The results of the equilibration are found in [29]. We equilibrate and further
investigate four different system sizes with various numbers of chains M and chain length
N (M x N: 1000 x 500, 100 x 1000, 500 x 1000, 250 x 2000). Our equilibrated systems have
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density of the amorphous phase at 293K (0amorph,293k), melt density (psook), coefficient
of thermal expansion (CTE), glass transition temperature (Tg) and crystallization onset
temperature (T;,on) in good agreement with experimental results [24].

Table 1. Bonded and Lennard-Jones force-field parameters for coarse-grained polyethylene [28].
Note that the Lennard—Jones parameters depend on the particle position.

Bead Type Bond Length Bond Angle Dihedral Angle
bO Kb 90 Ke m K¢
(nm) (k] mol~! nm—%) ©) (k] mol~1) (-) (k] mol~1)
CG3 0.353 19730 146.4 56.6 1 0.74
.y o € 014 €14
Bead Type Position (am) (J mol ) (am) (k] mol~1)
CG3pnid middle 0.457 2.214 0.401 2213
CGBeng end 0.468 2415 0.421 2.415

2.2. Simulation Procedure

Molecular dynamics simulations are performed using the ESPResSo++ package [32,33].
Starting with the equilibrated systems, our simulation procedure consists of two steps:
(1) stretching of the samples of amorphous melt, (2) quenching of the samples to a specific
temperature at two different conditions.

In the first step, we continuously stretch the systems in the melt state at 500 K at an
initial strain rate of 1- 108 s~1. The selected strain rate ensures strong orientations of chain
segments without over-pronounced disentanglement of chains. We stretch the systems
up to different uni- and biaxial levels: In the case of uniaxial stretching, we stretch the
systems up to a level A, = 6. Additionally, we use different biaxial levels of stretching
(Ax-Ay) ranging from 2-2, 3-1.5, 3-2, 4-2 to 3-3. The stretching is performed under usage of
the Berendsen barostat for the transversal directions (Tpar, = 10 ps), Berendsen thermostat
(Tthermo = 1ps) and periodic boundary conditions (rectangular box).

Cooling the samples while releasing the tensile strain is done in two distinct ways,
mimicking other real-life processing conditions. The first option is choosing “’fixed” bound-
ary conditions, which do not allow the previously stretched melt to contract after the final
levels of stretching are attained. This allows for the internal relaxation of stress while the
system cannot change its size and shape. Simultaneously, we cool the systems down to
the target temperature (293.15 K) within a time frame of 10 ns by using the Berendsen ther-
mostat (Tihermo = 1PS)- The second option for the cooling procedure is a “’free” boundary
condition: We here allow the box dimensions to change during cooling. This is done by
using an anisotropic Berendsen barostat (Tp,, = 1000 ps) and setting the pressure to 1 bar
in every direction of space. The integration time step for all simulation steps is set to 4 fs.

2.3. Evaluation of the Microscopic Structure

In order to achieve comparability of different uni- and biaxial stretchings, we define
the planar level of stretching Apjanar- We here use the ratio of the initial and final diagonal
length of the simulation boxes within the stretching plane (x-y plane). From that, the planar

level of stretching is defined as Apjanar = \/ 2 .+ lfmaly / \/ 2. 42

final,x init,x init,y’

where g, is

the box dimension in the corresponding stretching direction at the end of the stretching,
Linitial Tepresents initial box dimensions. Our definition is useful as it makes resulting data
points across different uni- and biaxial stretchings collapse on a single line with respect to a
wide range of observables. Hence, we prefer that definition over a multiplication of the
two stretch ratios as, e.g., used in [25].

We introduce the nematic order parameter to evaluate the local ordering of chain
segments. For this purpose, we use the unit bond vectors €;, which connect consecutive
beads that belong to the same chain. The related nematic tensor can be expressed as
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N,
1 &/3 1
Qup = Ny ;:1 <§€m€iﬁ - 55045) 1)

where Np is number of evaluated bonds and &, 8 € (x,y, z). The nematic order parameter
S is the largest eigenvalue of this tensor. The local nematic order parameter Sy, is
determined for every bead i by evaluating all bonds found within a cutoff distance 7yt = 20
from the ith bead. For the entire system, we define Sjyc, as the mean value over all
beads. The analysis is performed using the corresponding implementation in the Freud
package [34].

Based on the formulation of the nematic order parameter, we calculate the uniaxial
orientation factor d,,; as follows: (a) determination of the local bond vector orientation
factor 6y in longitudinal stretching direction as already introduced in [24]; (b) determination
of the corresponding orientation factor éy in perpendicular direction; (c) the uniaxial
orientation factor is dyn; = (|0x — dy|)/1.5. This definition gives an estimate to what extent
systems are uniaxially (6,ni — 1) or (equi-)biaxially (é,n; — 0) oriented, respectively.

Entanglements of chains are evaluated by the primitive path analysis (PPA), according
to Everaers et al. [35], based on the assumptions of the tube model [36-38]. From the PPA,
the entanglement length Ne according to [35] is:

_ e _ (R&)

where (Lpp) = (N — 1) (bpp) is the length of the primitive path (PP), (bpp) is the PP bond
length, app the tube radius, which is defined as app = (R%.)/(Lpp). (RZ.) is the mean
squared end-to-end distance of the chains. For our evaluations, we define the number of
entanglements Z per chain as the ratio N/ Ne (cf. [39]). This relation allows for an estimate
of how entangled the systems with different chain lengths are. Further details concerning
the use of the PPA with respect to our systems are given in [24].

The level of crystallinity throughout this manuscript is calculated based upon our
microscopic definition as reported in [24]:

(1) The current bead i is closer to a neighboring bead j than 0.975 - 21/6¢. Bonded first
neighboring beads are excluded here;

(2) The orientation factor d.ryst between vectors ‘7’1'71,141 and V}-,Ljﬂ (vectors between
first neighboring beads of bead i and bead j) according to:

. . 2
3 ‘Vi—l,i+1 : Vj—l,j+1‘ 1
5cryst = E - E 3)

—

Vz’—l,iﬂ‘ : Vj—l,j+1‘

is larger than 0.9;

(3) We define the microscopic crystal stem length 71gtem as the number of consecutive
beads within a chain that fulfil criteria (1) and (2). All beads that belong to stems with
Nstem > 3 are regarded as being in a crystalline state;

(4) By counting the number of crystalline beads Ny, according to (3), we determine
the degree of crystallinity Xcrystmicro by dividing the number of crystalline beads N, by
the number of total beads Ni,.

3. Results

In the following subsections, we describe the effects that occur in antecedently stretched
polyethylene systems. We start by describing the system behavior at the end of the individ-
ual stretching procedures. Subsequently, we discuss the resulting states after cooling of
the stretched systems to 293.15 K. We mainly focus on evaluating results attained under
the usage of fixed conditions. Additionally, we compare the influence of fixed and free
conditions on the resulting formation of initial crysta<ns1:XMLFault xmlns:ns1="http://cxf.apache.org/bindings/xformat"><ns1:faultstring xmlns:ns1="http://cxf.apache.org/bindings/xformat">java.lang.OutOfMemoryError: Java heap space</ns1:faultstring></ns1:XMLFault>